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Abstract 

Nickel-based superalloys exhibit an impressive range of mechanical properties, from high temperature 

strength and toughness to excellent oxidation and corrosion resistance. It is for these reasons that they 

are heavily incorporated in a wide range of industrial sectors, particularly the aerospace industry where 

they are extensively utilised within the combustor and turbine section of a holistic gas turbine engine, 

where temperatures often reach arduous conditions. Although nickel-based superalloys are typically 

manufactured using traditional cast and wrought methodologies, the aerospace industry is becoming 

increasingly interested in the use of alternative manufacturing methods in an attempt to further drive 

gas turbine development through weight reduction and increased Turbine Entry Temperatures (TET). 

As such, interest regarding the use of near-net shape manufacturing technologies such as Additive Layer 

Manufacturing (ALM) has risen in parallel, but concerns have arisen given the metallurgical complexity 

of the process and the prevalence of phenomena such as anisotropic behaviour, residual stressing and 

structural integrity.   

 

This thesis has investigated the influence of key process parameters and variables on the mechanical 

and microstructural behaviour of the two-contrasting nickel-based superalloys, CM247LC and IN718. 

A novel miniaturised mechanical testing method, Small Punch (SP), in combination with in-depth 

material characterisation techniques was implemented on a series of Laser Powder Bed Fusion (LPBF) 

variants of differing build orientation and parameter selections. In addition to this, a robust analytical 

methodology was employed on a series of LPBF variants in order to ascertain process parameters’ 

influence on melt pool profile and both alloys relative propensity for defect formation. The findings of 

this work will help further the understanding of parameter selection and support a key development 

strategy being implemented by Rolls-Royce plc. regarding the safe incorporation of additive 

components into service. 
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Figure 4.13. 90°, Parameter Set 1, Build 1 a) Schmid Factor b) GBA mapping and 90°, Parameter Set 

1, Build 3 c) Schmid Factor d) GBA mapping. 
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Figure 4.14. Monkman-Grant Relationships for all LPBF CM247LC builds SPC tested at 950oC, 
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Figure 4.19. EBSD grain mapping of parameter sets in relation to their position within the normalised 
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fractography. 

Figure 4.24. 90o builds with variations in parameter sets. a) e) 2, b) f) 3, c) g) 4 and d) h) 5 

fractography. 

Figure 4.25. High magnification imaging of 30o, parameter set 3, build 1. 

Figure 5.1. Influence of normalised beam speed on melt track height and width over a range of 

employed power settings for LPBF CM247LC. 

Figure 5.2. Influence of normalised beam power on melt track height and width over a range of 
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Figure 5.10. Stitched high magnification optical microscopy of LPBF CM247LC samples of 

increasing normalised energy density (left to right). 
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Chapter 1 – Introduction 
 

1.1 Background 

Nickel-based superalloys display an impressive range of mechanical properties from high 

temperature strength to excellent oxidation and corrosion resistance. It is for these reasons that they are 

heavily exploited in a wide range of industrial sectors, in particular the aerospace industry which 

incorporates them within the combustor and exhaust region of the gas turbine engine. Given the ever-

increasing demands from regulatory commissions and governing bodies such as the European Aviation 

Safety Agency (EASA) and Federal Aviation Authority (FAA) for reduction in CO2 and NOx emissions, 

the aerospace industry and Rolls-Royce plc. have put a major emphasis on gas turbine development, in 

particular from a materials perspective. As such, alternative means for component manufacture and 

repair prove to be of significant importance and an area of research that has risen in parallel. 

 

Additive Layer Manufacturing (ALM) is a near-net shape manufacturing technology first 

developed in the late 1970s and has since undergone major advancements driven primarily by the 

medical industry. Given its tremendous upside and numerous advantageous characteristics from the 

manufacture of highly intricate components not feasible through alternative methods to very little 

material wastage, the aerospace sector has become increasingly interested in its exploitation given its 

scope for design freedom. As such, a need for detailed understanding of the process from a materials 

perspective has become paramount given concerns regarding the metallurgical complexity of the 

process and consequential phenomena such as structural integrity, residual stressing and anisotropic 

behaviour.  

 

Given the ever increasing interest in additive based technologies, an understanding as to the 

laser powder bed fusion (LPBF) process is required for the next generation of ALM built nickel-based 

superalloys. As such, the investigation of process parameters, key variables and post processing 

treatments takes precedent and shall support a key development strategy that is being developed 

globally by Rolls-Royce plc. for gas turbine technologies.  
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1.2 Overview and Scope of the Thesis  

This thesis consists of nine chapters as described below: 

 

The first chapter includes the background information, scope of research and the aims and 

objectives of this study. The second chapter consists of a comprehensive overview of the gas turbine 

engine, nickel-based superalloys, additive manufacturing and the application of the miniaturised 

mechanical testing methodology, small punch, for mechanical properties assessment. This chapter 

provides an overall review of the published literature and provides context as to why this work has been 

carried out. The third chapter covers all the experimental equipment and methodologies utilised in this 

thesis, outlining the materials manufactured, sample extraction and the metallurgical preparation 

procedures for the microscopy and small scale testing techniques employed. 

 

The results of the thesis are presented in four separate chapters with respect to the work 

packages provided by Rolls-Royce plc., followed by a general discussion and comparison between the 

alloys evaluated. Chapter 4 provides the experimental results generated through the small-scale 

mechanical testing and in-depth microstructural characterisation methodologies conducted on a variety 

of LPBF CM247LC variants. These process variants encompassed two distinct changes in build 

orientation and the employment of five distinct parameter sets from within CM247LC’s anticipated 

process window. Chapter 5 presents the quantitative approach incorporated on an array of LPBF 

CM247LC variants, which comprised of changes in normalised beam speed, power and energy density. 

The melt track profiles of these variants were numerically assessed in combination with defect analysis 

and correlated to the parameter selection implemented. Chapter 6 showcases the results produced by 

the application of small-scale mechanical testing techniques in combination with detailed 

microstructural assessments on a series of LPBF IN718 variants. These variants included two changes 

in build orientation, alongside the employment of five generic parameter sets. Chapter 7 displays the 

results formed from the statistical assessment applied to a collection of LPBF IN718 variants, which 

consisted of changes in normalised beam speed, power and energy density. Melt track profiles were 

quantitatively assessed alongside defect analysis and correlated to changes in parameter deposition. 

 

The results presented in Chapters 4 – 7 are discussed in Chapter 8 in relation to the entire scope 

of the study, where comparisons are drawn with regards to the similarities and differentiations of the 

mechanical and microstructural behaviour between the two alloys investigated. Finally, Chapter 9 

provides the concluding remarks with regards to the main research findings from this thesis, alongside 

recommendations for future work.  
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1.3 Aims and Objectives 

 

 The general aims and objectives of this research were to further the understanding as to the 

influence of process parameters and variables on the microstructural and mechanical behaviour of the 

two contrasting nickel-based superalloys CM247LC and IN718 manufactured through LPBF. This 

work would inherently help facilitate Rolls-Royce plc.’s high temperature applications team and their 

ongoing efforts with regards to the safe introduction of additively manufactured components into 

service, with advancements being streamlined towards the development of gas turbine technology 

through both increasing temperature capability and driving weight reduction.   

The specific research objectives of this work is as follows: 

- To conduct a literature overview and highlight the benefit of utilising the small scale testing 

technique small punch to rapidly assess and characterise an abundance of process parameters 

and variables.  

 

- To employ the small punch testing methodology in conjunction with microstructural 

characterisation techniques to assess the mechanical response of LPBF CM247LC and IN718 

variants and further the understanding of process variables influences on the behaviour of 

CM247LC and IN718.  

 

- To assess the effect of changes in process parameters on both melt track profile and the 

structural integrity of LPBF CM247LC and IN718 variants, gauging an understanding as to 

each alloy’s respective propensity for defect formation. 

 

- To compare and contrast the similarities and contradictions in the relationships observed 

between LPBF CM247LC and IN718 over a range of process parameters and variables.  
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Chapter 2 – Literature Review 

2.1 The Gas Turbine Engine 

2.1.1 History 

In modern day society, the aviation industry plays a pivotal role by providing fast, reliable and 

affordable transportation across the globe from both a commercial and civil standpoint. These 

revolutions are widely attributed to the development of the gas turbine engine, the innovation for which 

started with a French engineer by the name of René Lorin, who patented a jet propulsion system in 

1913. However, given the state of materials technology at the time, from both a manufacturing and heat 

resistance perspective, it proved unfeasible and challenging. It wasn’t until 1930 that Sir Frank Whittle 

was granted a patent for the application of a gas turbine as a propulsive jet system. Then 11 years’ later 

this concept was successfully realised with the completion of its maiden flight [1]. Fast forward to 

today, this premise has formed the basis of the modern day holistic gas turbine engine, one of the 20th 

century’s greatest technological feats. It is thought that within the civil aerospace sector for a market 

leader such as Rolls-Royce plc., there are over 3300 engines currently in service worldwide at any one 

time [2], with one example being the Trent XWB as illustrated in Figure 2.1. 

 

Figure 2.1. The Rolls-Royce Trent XWB engine [3]. 

2.1.2 Basic Principles 

The holistic gas turbine engine works primarily on the principle of Newton’s 3rd law of motion, 

‘for every action there is an equal and opposite reaction’, where gas is forced through the turbine in one 

direction creating an equal reactionary ‘thrust’ in the opposed direction [4]. The open-cycle process is 

initiated with the intake of air through the first of four main stages via fan blades as shown in Figure 

2.2. From there, the air is passed through a series of rotating and stationary aerofoils where it is chopped 

and compressed to a significant degree; in some engines  this can be almost up to 40 times [5]. Following 

its compression, the air is introduced to the combustion chamber in conjunction with fuel which is 
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continuously injected and ignited, leading to an explosion of hot air that burns ~ 2000°C. This air is then 

forced through to the turbine section where stator vanes direct the gas flow into rotary blades which in 

turn are connected to turbine discs that drive the turbine, converting kinetic energy into mechanical 

energy [6]. 

 

Figure 2.2. Schematic of the holistic gas turbine engine, adapted from [1]. 

From a thermodynamic standpoint, the open cycle process, otherwise known as the Brayton 

cycle, can be illustrated in two forms as shown in Figure 2.3a and b, the first being the relation of 

temperature to entropy and the second, pressure to volume. This is represented in 4 stages as discussed 

and illustrated. Stages 1-2 represent the initial air intake at atmospheric conditions (T1, P1) the pressure 

increase consequent to isentropic compression. Stages 2-3 highlight the temperature increase at constant 

pressure, where stages 3-4 represent the isentropic expansion of air and pressure drop following 

combustion. Stages 4-1 depict the heat ejection at the end of the cycle process [7]. 

 

Figure 2.3. The ideal Brayton cycle in relation to a) temperature and entropy and, b) pressure and 

volume [7]. 
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The understanding of this thermodynamic cycle is essential as it can be utilised to improve engine 

efficiency. When expressing the terms empirically, a key understanding of where design considerations 

can have a major impact on such efficiencies is illustrated, with thermodynamic efficiency, η, defined 

as follows.  

 

𝜂 = 1 − 
𝑞𝑜𝑢𝑡

𝑞𝑖𝑛
= 1 −  

𝐶𝑝(𝑇4 − 𝑇1)

𝐶𝑝 (𝑇3 − 𝑇2)
= 1 −  

𝑇1(
𝑇4

𝑇1
− 1)

𝑇2(
𝑇3

𝑇2
− 1)

 

 

(1) 

 

Where Cp is the specific heat of the gas, qout is the heat out (T4 – T1) and qin is the heat in (T3 – T2). 

Given the fact that stages 1-2 and 3-4 are isentropic, P2 = P3 and P4 = P1 and thus 
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Considering the expression for thermodynamic efficiency shown in Equation 3, it is evident 

that both T3 and T4 are the key controlling factors. Since it can be difficult to influence turbine exit 

temperature, Turbine Entry Temperature (TET) is of notable interest and can be manipulated relatively 

easily with changes in fuel to air ratio. However, the challenge arises in producing materials that can 

withstand such harsh conditions [8]. The following section will give an overview as to the material 

selection within individual sections of the holistic gas turbine engine.  

2.1.3 Materials Selection 

2.1.3.1 Fan Blades 

As mentioned, the first section of the gas turbine is the fan inlet section, where cool air is drawn 

into the engine. Given the temperatures it is subjected too, the need for high temperature performance 

is not necessary. However, the possibility for foreign object damage (FOD), such as bird strikes, and 

corrosion, in the form of dust and rain, and becomes prominent and as such the need for corrosion 

resistance and toughness takes precedent. In addition to these service demands, centrifugal loading of 

~100 tonnes in conjunction with vibrations also need to be considered and as such titanium alloys, in 

particular Ti-64 (Ti-6Al-4V) are predominantly utilised for this section given their high strength to 

weight ratio, corrosion resistance and fatigue performance.  
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2.1.3.2 Compressor 

Following on from the fan intake, the air is passed through to the compressor section which is 

made of a series of rotors and stators. Given ideal gas law, the increase in air pressure comes with an 

apparent increase in temperature, meaning that there is a continuous rise in the stresses and temperatures 

that the components are subjected too. As such, the compressor is often categorised into two sections, 

referred to as the low pressure (LP) and high pressure (HP) compressors respectively. For the early 

stages within a LP compressor where temperatures reach ~300°C, titanium and in particular Ti-64 is 

utilised. However, as temperatures increase to up to ~ 450°C, stronger alloys with higher temperature 

capabilities such as Ti-6246 (Ti-6Al-2Sn-4Zr-6Mo) are exploited. For new generation jet engines, it is 

often the case that temperatures go beyond 450°C and surpass that of titanium’s capabilities. In these 

instances, nickel-based superalloys such as Inconel 718, Udimet 720 and RR1000 are employed. 

 

2.1.3.3 Combustor 

Post compression, this air is introduced to the combustion chamber in conjunction with fuel, 

where it is ignited and raised to over 2000°C. This sudden change in temperature leads to major 

expansion, creating a momentum that generates thrust. Nickel-based superalloys such as C263 and 

Haynes 282 are now more prominent, given their high strength, excellent corrosion resistance and high 

temperature capabilities. However, the components in this section suffer significant in-service 

challenges as temperatures often exceed that of the metals’ temperature capabilities. To combat this, 

the utilisation of ceramic Thermal Barrier Coatings (TBCs) and the introduction of cold air to the 

combustion chamber through cooling channels is incorporated. 

 

2.1.3.4 Turbine 

Once this generation of thrust and momentum is achieved following the expansion and direction 

of hot air, the turbine which consists of a series of rotors and stators is turned. This turbine is attached 

to the shaft which connects the rear of the gas turbine to the frontal fan and compressor section, allowing 

the engine to be a self-reciprocating process that takes in more air. Similar to that of the combustor 

section, hot air ~1700°C is present which will often exceed the materials’ capabilities. As such, TBCs 

are applied in order to provide a protective layer and cool air that bypasses the combustor section and 

is bled into the turbine section. Given the harsh environment from both a temperature and stress 

perspective, nickel-based superalloys provide the most suitable basis of physical and mechanical 

properties for these applications. For safety critical components such as rotatives, high strength single 

crystal systems such as CMSX-4 are utilised. An illustrated overview as to material selection within the 

gas turbine engine is shown below in Figure 2.4. 
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Figure 2.4. Materials selection within the holistic gas turbine engine, adapted from [9]. 

 

2.1.4 Material Developments 

2.1.4.1 Driving Factors  

Since the introduction of the gas turbine, there have been ongoing efforts to increase research 

and development to match its ever-evolving requirements. The major driving forces for material 

development are primarily two fold; economic and environmental. 

From an economic standpoint, Rolls-Royce plc. is a longstanding multidisciplinary engineering 

company that was established in 1904 and today remains one of the largest engine manufacturers in the 

aerospace sector. In order to maintain that position and compete within the marketplace, further 

enhancements in engine efficiency both in the form of weight reduction and fuel burn become ever 

imperative [10]. In addition to the commercial viewpoint, environmental considerations and 

advancements need to be made in order to meet the ever increasing demands of regulatory commissions 

and governing bodies such as the Federal Aviation Authority (FAA) and European Aviation Safety 

Agency (EASA) for NOx, CO2 and noise pollution. Since 1950, there has been a 4x reduction in noise 

pollution and a 70% reduction on fuel burn, but a report published by the House of Commons in 2011 

using data issued by the Department for Transport states that it expects air travel in the UK alone to 

increase two fold as illustrated in Figure 2.5 [11] [12]. However, given the emergence of the COVID-

19 pandemic in late 2019, civil aviation has been significantly reduced consequent to the introduction 

of travel restrictions that of which contradict the projections, with the long term impact on the aviation 

sector being unknown at this point in time [13].  
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Figure 2.5. Forecasted air traffic demand published by the Department for Transport in 2009 [12]. 

The Advisory Council for Aviation Research and Innovation in Europe (ACARE) has made 

targets regarding emissions entitled FlightPath 2050, where technologies and procedures can allow for 

major reductions by the year 2050. It is expected that there will be a 75% reduction in CO2 emissions 

and a 90% reduction in NOx emissions per passenger kilometre [14].  

2.1.4.2 Turbine Entry Temperatures 

Given the driving factors associated with gas turbine technology as previously discussed, the 

desire for higher fuel efficiencies whilst maintaining safety from a commercial aspect takes priority. As 

shown previously, the best way to improve thermodynamic efficiency is to increase its TET and as such 

this has been the basis for major advancements in alloy development, manufacturing techniques and the 

application of cooling mechanisms and TBCs as shown in Figure 2.6. 

 

Figure 2.6. TETs consequent to development in nickel-based superalloys in terms of alloy design, 

manufacturing technology and the introduction of blade cooling and TBCs between 1994-2010 [4]. 
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Given the driving factors mentioned, the need for material development for higher temperature 

applications in particular is of great importance. As such, a key and detailed understanding of nickel-

based superalloys is necessary. The following section will give an overview on the evolution and 

utilisation of nickel-based superalloys.  

2.2 Nickel-Based Superalloys 

2.2.1 Introduction 

Nickel (atomic number 28, atomic weight 58.71), is a highly abundant transition metal utilised 

in a wide range of industrial applications over the past 4 decades, from aerospace and power generation 

to even more aggressive environments such as nuclear and chemical processing plants [15]. The 

crystallographic structure of the metal in pure form is FCC (face centred cubic) and exhibits both 

impressive physical and mechanical properties in comparison to other structural metals. The melting 

temperature of pure nickel is 1455°C, which represents the absolute limit for temperature capability of 

alloyed variations. In addition, nickel is an extremely dense metal in comparison to other structural 

metals, with a density of 8908kg/m3 (Titanium 4505kg/m3 and Aluminium 2700kg/m3) as illustrated in 

Table 2.1. Nickel’s main asset over other structural metals however is that it retains mechanical 

properties such as strength, ductility and toughness at higher temperatures. It is these characteristics 

alongside an excellent resistance to oxidation/corrosion, fatigue crack growth and creep strain 

accumulation that have led to nickel being heavily alloyed and engineered for industrial application, 

specifically within the aerospace industry [16] [17]. 

Table 2.1. Physical and mechanical properties of structural materials in pure form, adapted from [18]. 

Properties Titanium Aluminum Iron Nickel 

Melting Point (oC) 1665 660 1535 1455 

Density (Kg/m3x103) 4.505 2.70 7.86 8.908 

Tensile Strength (MPa) 440 80 340 450 

Elongation to Failure (%) 29 47 39 47 

 

As mentioned, Ni-based superalloys offer an impressive range of mechanical properties from 

high temperature strength and toughness to oxidation and corrosion resistance. It is worth noting 

however that these mechanical properties vary as a result of both chemical composition and material 

processing, as these factors majorly influence key microstructural features and subsequently mechanical 

properties. These microstructural features include grain sizing and structure, dendrite arm spacing, 
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gamma prime volume fraction and the presence of various secondary phases such as carbides and 

borides [19] [20] [21]. Through years of engineering, both compositions and process parameters have 

been amended to allow Ni-based superalloys to tolerate average temperatures of ~1050°C with 

occasional hot spots reaching temperatures as high as 1200°C [22] where high temperature mechanical 

deformation mechanisms such as creep are prominent [23]. The high temperature capabilities of Ni-

based superalloys allow them to be used for a range of gas turbine components that are often subjected 

to arduous temperatures for long periods of time such as disc rotors [24], combustor cans [25] and 

turbine blades [26]. The following section will give an overview to alloying additions and how those 

can be used to influence and control microstructural evolution. 

2.2.2 Microstructure and Chemistry 

Although the major constituent of these superalloys is nickel, many cast alloys contain up to a 

40 wt% of a combination of typically 5-10 other elements [27]. More complex alloy design with up to 

15 alloying additions can be fabricated through powder processing [28], which will be discussed later 

in further depth. Alloying additions are an essential aspect of alloy design as they can be used to 

influence the presence and prominence of phases present within the microstructure. Ni-based 

superalloys primarily consist of the 3 phases, gamma (γ), gamma prime (γ’) and MC carbides [29]. It is 

worth noting however that in specific cases, additional phases such as gamma double prime (γ’’) and 

topologically close-packed (TCP) phases can be present [30]. Figure 2.7 gives an overview of the 

alloying additions typically associated with nickel. 

 

Figure 2.7. Alloying additions typically used in Ni-based superalloys and their relative positions 

within the period table [15]. 

2.2.2.1 Gamma and Gamma Prime 

The γ phase is a continuous matrix of FCC structured nickel in which other phases reside. 

Within this matrix there are additions of elements exhibiting similar atomic radii (0.124-0.125nm) such 

as Co, Fe, Cr, Ru, Mo, Re and W. These additions contribute to the austenitic γ phase through a 

stabilisation mechanism. The γ’ phase is the secondary precipitate, consisting of an ordered L12 crystal 
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structure of typically Ni3Al, as shown in Figure 2.8. It is worth noting however that other alloying 

additions of similar atomic radii to Al (0.143-0.147nm) such as Ti, Ta and Nb can also contribute to the 

formation and strengthening of this phase. Both Ni and Al consist of FCC crystal structures, resulting 

in a significant degree of directional covalent bonding in each unit cell. In addition, the FCC crystal 

structure results in Ni-Al bonding rather than Ni-Ni or Al-Al bonding, displaying a strong degree of 

‘chemical order’. Furthermore, γ’ precipitates give rise to a precipitation strengthening mechanism, 

where small, hard intermetallic particles are present within the disordered FCC γ matrix giving rise to 

impeded dislocation movement. Subsequently, the yield strength of nickel superalloys is primarily a 

function of various γ’ characteristics including inter-particle distance, volume fraction of the particles 

and particle sizing alongside dislocation interaction.  

 

Figure 2.8. Ni and Al atom arrangement for both ordered and disordered FCC structures [9]. 

This precipitation strengthening process consequently results in γ’ being a key strengthening 

phase within Ni-based superalloys and a key area of interest during microstructural evolution. γ’ is 

formed through the cooling of a supersaturated solid solution of γ below the equilibrium solvus 

temperature and it is worth noting that both the solidus and solvus temperatures vary for different alloys. 

The sizing of this precipitate will dictate the location, distribution and frequency of this phase and as a 

result is typically defined into three subcategories: primary, secondary and tertiary γ’ based on their size 

and location [31]. An overview of their size and microstructural coherency is given in Figure 2.9. 

 Primary γ’ is 1-5μm in size and is as a result not coherent with the γ matrix. Given this, they 

typically form along grain boundaries.  

 Secondary γ’ is 100-400nm in size and is as a result coherent with the γ matrix, precipitating 

out of the matrix upon quenching from solution heat treatments above 1000°C for specific 

alloys. 

 Tertiary γ’ is 5-50nm in size and is again as a result coherent with the γ matrix, precipitating 

out of the matrix upon quenching from solution heat treatments below 900°C for specific alloy 

systems. 
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Figure 2.9. Primary γ’ formed along grain boundaries alongside secondary and tertiary γ’ which reside 

within the γ matrix, adapted from [32]. 

2.2.2.2 Carbides and Borides 

Carbides form along γ grain boundaries when carbon, with concentrations up to 0.2wt%, 

combines with small additions of alloying elements such as Ti, Ta and Hf to form a primary MC, where 

M represents the metal atom. This occurs as a result of carbon’s high affinity for these elements. 

Although the influences of carbide formation on mechanical properties are not yet fully understood, 

there is evidence to suggest both beneficial and detrimental effects. Thus, their formation is used as a 

method of controlling grain structure and enhancing creep performance through the reduction of stress 

accumulation at grain boundaries whilst impeding dislocation movement [33].  Furthermore, carbides 

can be used to restrain detrimental elements that also sit on grain boundaries. In addition, carbon, boron 

and hafnium can also combine with small additions of Cr or Mo to form borides along γ grain 

boundaries, which also gives rise to creep resistance through the same microstructural mechanisms as 

demonstrated by Chen et al [34]. Although it is worth noting that carbides are far more frequent and 

prominent and their morphologies vary substantially as a consequence to varying degrees of aging and 

the extent of alloying additions such as carbon and boron [35]. It is noted that higher carbon contents 

generally lead to more complex morphologies such as secondary and tertiary dendrite arms. It is also 

worth mentioning that these primary carbides can decompose into other variations such as M23C6, M6C 

and M3B2 during heat-cycles, which is dependent on their original composition and the alloying 

additions present [36]. An illustration of such variations like MC and M23C6 situated along the grain 

boundary in the nickel superalloy MAR-M247 is shown in Figure 2.10. 
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Figure 2.10. MC and M23C6 carbides situated on grain boundaries in Mar-M247 [37]. 

2.2.2.3 Gamma Double Prime and Delta Phase 

Within specific nickel-based superalloys which use high quantities of Nb such as IN718 and 

IN706, the primary strengthening phase is not γ’ but instead a body-centred tetragonal (BCT) ordered 

phase known as gamma double prime (γ’’) (see Figure 2.11). Typically consisting of the composition 

Ni3Nb and sometimes Ni3V, this BCT crystal structure results in lattice mismatch with the surrounding 

FCC matrix leading to high coherency strains and ‘order hardening’ [38].  

 

Figure 2.11. Schematics illustrating a) face centred cubic crystal structure and b) body centred 

tetragonal crystal structure [39]. 

It is worth noting however that γ’’ is typically used to strengthen nickel-based superalloys at 

lower temperatures up to <650°C as γ’’ is metastable and can thus transform into undesirable 

thermodynamically stable delta (δ) phases under thermal exposure [40]. However, δ phases are 

incoherent with the γ matrix and in specific cases such contents can strengthen the matrix and inhibit 

grain growth during heat treatments, which can be subsequently exploited. However, in typical cases, 

the precipitation of this phase is at the expense of γ’’ and thus leads to an apparent decrease in strength. 

An example of δ phase precipitation in IN718 in both needle and globule form is shown in Figure 2.12. 
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Figure 2.12. a) delta phase distribution within IN718 post heat treatment [41] b) delta phase 

populating the grain boundaries of IN718 [42]. 

 

2.2.2.4 Laves Phase (Topologically Close-Packed) 

High amounts of Fe, Cr, Mo, W and Re initiate the precipitation of an undesired brittle 

intermetallic topologically close-packed (TCP) phase known as Laves as shown in Figure 2.13. This 

occurs as of consequence to Nb, Si, and Mo segregation and consists of a number of key characteristics 

such as high uniform packing density and non-metallic directional bonding, which can significantly 

degrade mechanical properties [43]. In addition to the brittle nature of Laves phases, given the inherent 

chemical segregation of Nb, it has been shown that the presence of Laves phase can lead to Nb depletion 

both within the γ and γ’’ phases and thus degrade their precipitation strengthening effect in a similar 

manor to δ phasing.  

 

 

Figure 2.13. Laves phases with different morphologies and distributions dependant on variables 

within the manufacturing route [44]. 
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2.2.2.5 Further Alloying Additions 

Despite the presence of alloying additions influencing the phases which are present in the final 

alloy, it is worth considering that given the usage of Ni-based superalloys within the gas turbine engine, 

they will often face challenges from an environmental degradation perspective. In particular, for low 

altitude flights over seas, deserts and volcanic regions can lead to the ingestion of contaminant particles, 

giving rise to forms of hot corrosion [45] [46]. As a result of this, alloy designers combat these 

degradation mechanisms through the alloying additions of Cr, Y and La, which can significantly 

improve both oxidation and corrosion resistance. Within alloying chemistry, the presence of some 

elements and trace contaminants such as Si, P and in particular S can become prevalent and are often 

detrimental [21] [47]. Given their incoherency with the γ matrix, they are likely to segregate and form 

lower melting points on grain boundaries, aiding intergranular cracking [48]. It is therefore worth noting 

that the alloying additions of minor elements such as Hf and Zr that can form stable sulphides become 

indispensable, as they can reduce the influence of embrittlement from trace elements remaining in solid 

solution. 

2.2.3 Alloy Design and Application 

As mentioned in the previous section, alloying additions and chemistry play a pivotal role in 

the formation and presence of phases within Ni-based superalloys, which subsequently dictate physical 

and mechanical properties. The following section will give a brief introduction and insight into the alloy 

designs of both CM247LC and IN718, the alloys utilised within this study.   

2.2.3.1 CM247LC 

CM247LC is a nickel-based superalloy developed by the Cannon Muskegon Corporation in the 

late 1970s as a low carbon alternative to MAR-M247 [49]. It was originally designed with the intention 

for directionally solidified turbine blade applications within the gas turbine engine given its high 

temperature capabilities and coarsened grain structure, lending itself favourably to creep resistance [50].   

Table 2.2. CM247LC alloy composition by weight %. 

 

 

 

 

 

CM247LCs high temperature capabilities come as of direct consequence to the high proportions 

of γ’ formers being present in the material’s composition as shown in Table 2.2, comparative to most 

nickel-based superalloys. This can subsequently lead to an astonishingly high γ’ prime volume fraction 

C Cr Ni Co Mo W Ta 

0.07 8 Bal. 9 0.5 10 3.2 

Ti Al B Zr Hf Si S 

0.7 5.6 0.015 0.01 1.4 0.03 15ppm 
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of roughly 50-60%. As previously mentioned, the precipitation strengthening effect that γ’ imposes is 

the key strengthening mechanism within Ni-based superalloys, however given the extremely high 

volume fraction witnessed this can be at the expense for ductility and weldability as will be discussed 

later on. In an attempt to alleviate these unfavourable effects with resistance to high temperature 

mechanical deformation mechanisms in mind, the reduction of elements such as S (15ppm) and Si 

(0.03wt%) were imposed in an attempt to minimise the presence of grain boundary cracking. 

Furthermore, the presence of sulphide stabilisers such as Zr and Hf were included in an attempt to 

combat this mechanism. Additionally, a reduction in carbon content of 0.07%wt was imposed in order 

to adjust for the coarsened grain structure and minimise the volume fraction of grain boundaries 

observed in directionally solidified structures and to reduce the presence of coarsened, detrimental MC 

carbides at these grain boundaries.  

 

Given CM247LC’s specific tailoring towards directional solidification, the influence of the 

manufacturing route and any post processing treatments on the various mechanical properties has been 

well investigated. Kim et al [51] has highlighted the influence of the casting procedure on grain structure 

for both Conventionally Cast (CC) and Directionally Solidified (DS) CM247LC and their inherent 

differences in tensile properties over a range of temperatures as shown in Figure 2.14. It is shown in 

Figure 2.14a that DS CM247LC displays a greater ultimate tensile strength (UTS) than that of CC 

CM247LC whereas Figure 2.14b also further emphasised the importance of solution heat treatments 

and aging over standalone aging treatments, given its ability to improve high temperature elongation 

and consequently, high temperature tensile performance as shown in Figure 2.15. 

 

 

Figure 2.14. Influence of casting procedure on a) ultimate tensile strength (UTS) and b) % elongation 

of CM247LC over a range of temperatures [51]. 
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Figure 2.15. Influence of heat treatments on the tensile properties of conventionally cast CM247LC 

[51]. 

2.2.3.2 IN718 

Inconel 718 was originally designed in the late 1950s by the International Nickel Company and 

displays an impressive range of mechanical properties from high strength to excellent ductility and 

weldability [52] [53]. It is for these reasons, alongside relatively low cost achieved through low Co and 

high Fe contents (17.62wt%), that IN718 has lent itself as a competitive choice for a wide range of 

industrial applications, specifically within the aerospace sector where it has been heavily exploited in 

the gas turbine engine for temperature applications up to ~650°C [54] [55]. The alloy’s composition is 

presented in Table 2.3. 

 

Table 2.3. IN718 alloying nominal composition by weight %. 

C Cr Ni Mo Mn Nb 

0.024 18.84 Bal. 3.08 0.02 5.23 

Ti Al Fe Si S P 

0.95 0.53 17.62 0.06 0.002 0.003 

 

Given its relatively low volume fraction of γ’ formers such as Al and Ti (0.53wt% and 0.93wt% 

respectively) and high Nb contents (5.23wt%) as indicated, the formation and prevalence of Ni3Nb 

becomes apparent. As consequence, IN718 is primarily strengthened by the formation of the metastable 

γ’’ at a volume fraction of approximately 20% [56], which under thermal exposure over 650°C can 



44 

 

transform into the undesirable thermodynamically stable δ phase as previously mentioned. This 

transformation is typically associated with the loss of γ’’, strength and it is for this reason that IN718 is 

limited to applications up to 650°C. Furthermore, given the high ductility apparent with low γ’ volume 

fractions, tighter controls over detrimental alloying additions such as Si and S are not necessary as 

demonstrated (0.06 wt% and 0.002 wt % respectively). El-Bagoury et al [57] demonstrated the effects 

of heat treatments in order to manipulate the size and morphology of γ’’ whilst being able to homogenise 

chemical segregation and thus dissolve δ phases. 

 

2.2.4 Processing Routes 

Ni-based superalloys are traditionally manufactured through wrought and cast methodologies 

given its scalability. However, there is ongoing research into the use of alternative means such as 

powder processing metallurgy, both of which have numerous advantageous and limitative 

characteristics. The choice of route is generally dictated by the desired application of the component 

and alloy chemistry. Alloys such as IN718 that have a relatively low level of Al, Ti and Nb are usually 

formed through ingot metallurgy given the relatively low cost implications associated with this process. 

Powder metallurgy routes on the other hand are used for highly complicated alloys as previously 

mentioned at an expense for higher costs. A brief outline of cast and wrought methodologies alongside 

powder metallurgy is given below. 

 

2.2.4.1 Wrought Alloys 

Casting is an ancient process that dates back to 3200 B.C and is thus subject to 5000 years of 

technological advances [58]. It is the process in which molten metal flows by gravity or force into a 

mould where it solidifies in the shape of the mould cavity and thus is used to form either a complex 

desired shape, or an ingot which will be subsequently reworked through rolling, forging or extrusion 

[59]. Per year, over 100 million tonnes of cast and wrought material is manufactured [60] given both 

its reliability and scalability and as a result it is heavily utilised as the primary source of fabrication for 

Ni-based superalloy components within the aerospace sector.  

For basic component geometries, the use of an initial ingot that can be further plastically 

deformed offers significant simplicity. For the aerospace industry in particular, standard ingot 

metallurgy incorporates the use of a series of melting processes such as vacuum induction melting 

(VIM), electro-slag remelting and vacuum arc remelting (VAR) in order to remove low melting point 

trace contaminants and evenly distribute and minimise the contamination of non-metallic inclusions 

(NMI). These 3 melting processes result in the production of a high quality ingot suitable for aerospace 

applications which will then undergo multiple plastically deforming operations, primarily forging in 

order to produce a billet with a maximum diameter of 10”.  
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2.2.4.2 Casting Alloys 

 

For fairly complex geometries, the utilisation of casting processes with complex mould cavities 

becomes necessary. Although there are 90+ forms of casting technologies worldwide, they can be 

primarily categorised through several criteria such as reusability of the mould and the method in which 

the molten metal flows into the mould cavity [61]. Sand casting is one example of the process in which 

an expendable sand mould is utilised in order to shape the molten liquid. Once the molten liquid enters 

the mould through gravity it is subject to cooling and solidification, after which the mould is broken 

off. Within this method, further processing may be required in regards to the machining of excess 

material trimmings as well as surface treatments given sands implications on surface roughness [62]. 

Die casting on the other hand is the process in which molten liquid is forced between dies and can be 

performed in a variety of forms, which include gravity, low pressure and high pressure. Upon cooling 

and solidification, the die opens and the casting is removed, however further processing to remove 

additional material trimmings such as flow offs and flash is removed [63]. Given the lack of dimensional 

accuracy and additional processing techniques needed to improve surface finish for both sand and die 

casting, they are not considered appropriate for the manufacture of safety critical components. 

Therefore, the utilisation of investment casting takes precedent, where wax patterns in the desired shape 

of the casts are fabricated and coated with a refractory material to form a mould. From there, the wax 

is melted away and the remaining mould is filled, mass-producing components of high dimensional 

accuracy and surface finish [64]. 

 

2.2.4.4 Alternative Routes 

 

Although cast and wrought methodologies have numerous advantageous aspects, they are 

suspect to limitations. As such, the aerospace industry in particular is becoming increasingly interested 

in the use of alternate manufacturing routes such as powder metallurgy in order to facilitate the 

production of highly intricate components, which gives increasing scope both in regards to mechanical 

and alloy design. 

 

Powder processing also begins with the use of VIM in a refractory crucible, which is 

subsequently re-melted and fed into an inert gas atomisation procedure, leading to the formation of 

powder. The resulting powder formed is screened through a sieving process; removing any large NMIs 

beyond a certain threshold and ultimately improving the cleanliness of the process [65]. As previously 

mentioned with VIM, there are concerns as to the presence of NMI as a result of direct contact with the 

refractory crucible. NMIs such as alumina and other ceramics exhibit different thermal expansion 

coefficients, leading to the formation of undesired microstructural abnormalities during solidification. 

Once screened, the powder is then consolidated, loaded into a can, degassed and sealed which is 
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subjected to Hot Isostatic Pressing (HIP) consolidation. Powder processing gives a lower concentration 

of undesired inclusions and higher chemical homogeneity at a trade-off for cost. However, given the 

different nature and recent emergence of powder processing routes, there are different challenges and 

unknown phenomena. One example of this is chemical inhomogeneity, where powder particles have 

shown elemental segregation along the surface through the formation of oxide films (<50nm deep). In 

addition, during thermomechanical processes such as HIPing, carbon diffuses to the surface of the 

particles, forming a network of oxycarbides known as prior particle boundaries (PPBs), which have 

been shown to reduce fatigue life [66].  

 

The following section will give an overview as to the utilisation of powder processing for near 

net shape manufacturing technologies. 

2.3 Additive Layer Manufacturing 

2.3.1 Introduction 

Additive Layer Manufacturing (ALM) is a near-net shape fabrication technique that utilises 

high-energy heat sources such as electron beams and lasers to build components layer by layer with the 

use of a computer aided design (CAD) [67]. ALM first emerged into industry in the late 1980s with the 

invention of stereo-lithography, an innovative technology that incorporated the use of a laser to solidify 

ultraviolet sensitive photopolymers in conjunction with a 3D model [68]. This concept sparked the 

interest of numerous industrial sectors, leading to its further development throughout the 1990s and 

2000s [69], with the medical industry in particular leading the way, fabricating numerous medical 

devices from blood vessels and prosthetics to fully functional organs [70]. Within the last decade, the 

aerospace industry has become increasingly interested in exploiting ALM for both component repair 

and fabrication [71].  

2.3.2 Additive Manufacturing Processes 

The additive manufacturing of materials and specifically metallic alloys can be subcategorised 

into two particular methodologies; Directed Energy Deposition (DED) and Directed Layer Deposition 

(DLD) [72]. DED is a material deposition process in which stock, wire or powder, is solidified on a 

specified surface with both high accuracy and potentially high deposition rates [73]. As a result of this, 

blown powder, one of the most notable DED technologies, has been implemented within the aerospace 

industry for repairing components damaged by foreign objects within service, with one key example 

application being blisk (bladed disk) repair [74]. During blown powder, metallic powders are blown 

coaxially into the laser beam where these powders melt on the targeted surface and then solidify when 

cooled, forming bonds. Despite the advantageous characteristics of this process, blown powder does 

face significant drawbacks and challenges. These include poor surface finish, low powder efficiency 

and geometric limitations [75].  
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The key primary example of DLD technology is Powder Bed Fusion (PBF), a manufacturing 

technology that offers the ability to produce highly intricate components with very little to no material 

wastage. Thin layers of powder (approximately 0.1mm), are spread over the build platform and melted 

using a high energy heat source (electron or laser) in order to fabricate a sliced layer of CAD data. From 

there a roller is used as a recoating mechanism, laying down powder on top of each scanning area, 

allowing further layers or cross-sections to be repeatedly added layer by layer using pistons until a full 

3D component is manufactured as depicted in Figure 2.16. Powder not taken up during the process is 

removed and subsequently recycled [76]. 

Figure 2.16. Schematic illustrating the LPBF process [77]. 

As mentioned, PBF processes typically employ either an electron or laser beam as a heating 

source and are thus referred to as either electron beam melting (EBM) or laser powder bed fusion 

(LPBF). The employment of different heating sources inherently bears implications on the 

configuration of the process and as such each process offers different advantageous characteristics and 

limitations. EBM is performed within a vacuum where the advantages of this include the reduction of 

impurities and internal stresses alongside higher energy capabilities due to a narrower beam diameter. 

However, these advantages come as a trade-off, with drawbacks including the cost implications of a 

vacuum, long dead times in-between production and its limitation to materials that are conductive [78]. 

LPBF on the other hand uses a laser beam as a primary heat source with a continuous argon stream and 

is often referred to as selective laser melting (SLM), which offers numerous advantages in comparison 

to EBM. Laser melting processes are highly flexible regarding material developments, offering the 

possibility to work with finer powders and produce higher geometrical complexity [79].  

ALM processes offer significant advantages over conventional cast and wrought methodologies 

with the major premise being the ability to produce components of high geometrical complexity not 

Laser Beam 

x-direction

Track Distance 

Beam Diameter 

Layer Thickness 
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possible using traditional casting techniques. This is of particular interest to the aerospace industry as 

it lends itself well to the driving factors in materials development discussed in section 2.1.4, where the 

ability to produce components with high geometrical intricacy can drive weight reduction through 

advances in engine architecture and design [80] [81]. In addition to this, the implementation of complex 

internal features such as cooling channels can give rise increased temperature capabilities [82]. 

2.3.3 Process Parameters and Variables  

Given the advantageous characteristics of LPBF, the aerospace industry has become ever more 

attentive in exploiting such technology for component manufacture in an attempt to drive advancements 

in the gas turbine engine as mentioned previous. However, given the metallurgical complexity of the 

process, concerns arise regarding structural integrity as a result of process dependant phenomena. 

Consequently, a key understanding of the process parameters, variables and their influence on the 

formation of stress raising features has risen in parallel.  

It is evident in literature that process variables such as heat sources, powder bed temperatures 

and component geometries alongside process parameters such as beam velocity, power, hatch spacing 

and layer thickness has been the subject of ongoing research. However, given the sheer volume of 

possible variations of combined parameters and their interactions, the assessment of these metrics 

influence proves rather difficult. There is a general unanimity in ALM literature that utilises energy 

density as a good forecaster for material density and microstructural characteristics [83] [84], although 

there has been criticism as to its effectiveness [85] [86] for reasons which will be discussed later. This 

concept is shown from a volumetric standpoint in Equation 4, utilising the key process parameters beam 

power (q), beam speed (v), hatch spacing (h) and layer height (l).  

 

 𝐸∗ =  
𝑞

𝑣 ℎ 𝑙
 

(4) 

 

Where beam power (q) is in watts, beam speed (v) is in meters per second and both hatch spacing (h), 

layer height (l) are in meters, leading to energy density (E*) being joules per cubic meter. 

Given the complexities regarding the abundance of process parameters as discussed, methods 

have been developed in order to establish more simplified approaches of data interpretation. Ion et al 

[87] developed the initial normalised process map approach as a means of visually representing this 

information and puts forward the concept that the two dimensionless groups of parameters, namely 

beam power (q*) and beam velocity (v*), which should be considered in regards to the thermal cycle at 

any point within the material. Where Aq is the surface absorptivity, rB is the beam radius, λ and α are 

the thermal conductivity and diffusivity of the alloy being processed and Tm and T0 are the respective 

melting and initial powder bed temperatures of the material.  
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𝑞∗ =  

𝐴𝑞

[𝑟𝐵𝜆 (𝑇𝑚 −  𝑇0)]
 

(5) 

 

 𝑣∗ =  
𝑣𝑟𝐵

𝑎
 

(6) 

 

Thomas et al [88] further adapted this approach by incorporating additional ALM process 

variables such as l and h. As shown in the cross sectional schematic of the melted zone of material in 

Figure 2.17, 2rBl gives an approximation of the area of material melted. It is stated that if the energy 

used for a unit length of track is q/v, then the energy per unit volume in order to raise the material to the 

critical temperature Tm is q/2vlrB. This dimensionless energy term can be expressed as shown in 

Equation 7.  

Hatch spacing was considered within this study as a key consideration as it controls the level 

of overlay between neighbouring melt pools. High h is economically beneficial as it’ll reduce build 

times and is therefore a key consideration from an industrial perspective, however, it also runs the risk 

of lack of full material consolidation and consequently the formation of voidage. Narrower h on the 

other hand eliminates this issue given the prominence of overlapping tracks and remelting, at a cost for 

time.  

 

Figure 2.17. Schematic representation of melting zone for LPBF [88]. 

 
𝐸∗ =  

𝑞∗

𝑣∗𝑙∗
= [

𝐴𝑞

2𝑣𝑙𝑟𝐵
] [

1

0.67𝑝𝐶𝑝(𝑇𝑚 − 𝑇0)
]  

(7) 

 

 
ℎ∗ =  

ℎ

𝑟𝐵
 

(8) 
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By incorporating these process variables numerically in conjunction with existing literature 

over a wide range of alloying systems such as titanium, nickel and steel, Thomas et al [88] developed 

the normalised process map as shown in Figure 2.18 as a means for visually representing the process 

window. A logarithmic scale of E* is compared directly with 1/h*, which is used as a ranking tool and 

ordinate scale to measure the degree of hatch spacing relative to the beam diameter. It is worth noting 

the significantly narrow processing window for CM247LC, which is typically associated with high γ’ 

nickel superalloys as shown below in Figure 2.19. This is as of consequence to the increased mechanism 

associated with γ’, at a trade-off for ductility. Considering that ALM is a multi-pass welding process 

with cooling rates of up to ~ 106 K/s [89], structural integrity issues become a concern in terms of high 

residual stressing and dislocation activity, thus making the ALM of these alloys and the alleviation of 

such issues particularly challenging. An overview of the parameters utilised within the normalised 

process map is given below in Table 2.4. 

 

Figure 2.18. Normalised process map for a range of ALM alloying systems [88]. 
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Figure 2.19. Weldability of Ni-based superalloys in relation to γ /γ’ content [90]. 

 

Table 2.4. Process and material variables that contribute to process parameters. 

 

Notation 

Process Variables & 

Material Properties 

Units Notation 

Process Variables & 

Material Properties 

Units 

A Surface Absorptivity - q Power W 

Cp Specific Heat Capacity 
J kg-1 

K-1 
q* Normalised Power - 

E0* 
Normalised Equivalent 

Energy Density 
- rB Beam Radius M 

h Hatch Spacing m Tm Melting Temperature K 

h* 
Normalised Hatch 

Spacing 
- T0 

Initial Powder Bed 

Temperature 
K 

l* Layer Height m v Beam Velocity ms-1 

ρ Density kg m-3 V* Normalised Beam Velocity - 
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Carter et al [91] has highlighted how the extremities of the process window can lead to the 

formation of microstructural defects and abnormalities for high γ’ nickel alloys such as CMSX486. In 

this study, variations in nominal energy density (not including thickness) and the influence of 

parameters such as q on structural integrity were investigated, with low powers giving rise to lack of 

material consolidation. As energy is increased and the material’s E* threshold is surpassed, full material 

consolidation and the initiation of grain boundary cracking occurs. Further increases in E* leads to 

higher, more excessive cracking and in some cases keyholing as will be discussed in Section 2.3.5. This 

is highlighted in Figure 2.20. 

 

 

Figure 2.20. Cracking density against nominal energy density for CMSX486 with resulting 

microstructural defects [91]. 

 

Carter has further demonstrated similar mechanisms within CM247LC [92], highlighting the 

importance of E* and in particular the minimum E* threshold from a structural integrity standpoint. 

Lower E* lead to a lack of material consolidation with limited cracking as shown in Figure 2.21 and as 

E* increases past the material’s consolidation threshold, cracking appears to generally increase until a 

certain point where it seemingly levels off, as highlighted in Figure 2.22. It is worth noting the level of 

scatter and variability for cracking density appears to be significantly more prevalent at higher powers 

comparative to low powers, highlighting the challenges associated with using the simplified E* as a 

quantitative metric. Nevertheless, the degree of variance is likely to be consequential to the large degree 

of parameters and variants within the ALM process, many of which could innately impact beam-

material interaction dynamics, once again highlighting the difficulties in characterising and interpreting 

process parameters.   
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Figure 2.21. Influence of energy density on void formation for several LPBF nickel superalloys 

[92]. 

 

Figure 2.22. Influence of energy density on cracking density for CM247LC and CMSX486 [92]. 

On the contrary to CM247LC, IN718 is widely accepted to be a fairly weldable alloy given its 

γ’ content and as such lends itself well to ALM [53]. Subsequently, IN718 is considered to have a wide 

process window with little to no cracking being encountered. One study found that the build process 

parameters had minimal influence on the resulting mechanical properties providing that the materials 

relative density is in fact ~ 99% as shown by Huang et al [93]. This study does note however the pivotal 

role process parameters play on both the key strengthening precipitates, γ’ and γ’’ and detrimental δ 

phase, with higher energy outputs increasing the average dendrite arm spacing and δ volume fraction. 

Despite the relatively wide process window of IN718, research has suggested that process parameters 
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do play a role on porosity levels as illustrated by Kumar et al [94] in Figure 2.23, where increases in v 

promotes relatively higher levels of porosity and increases in E*, emphasising the inverse effect. 

 

Figure 2.23. Porosity volume fraction in relation to a) beam scan speed b) energy density [94]. 

It is suggested that despite the weldability and relatively high density of IN718, process 

parameters do play a role in porosity mechanisms. However, it is suggested that this is as of consequence 

to their influence on melt pool shape and dimension which consequently play a more dominant role in 

dictating both the level and shape of porosity.  Given this, a further understanding of the influence of 

process parameters on melt pool dimension and shape is required. The following section will give an 

indication as to the nucleation, growth and grain structures observed within ALM as previously eluded 

too as well as the influence of process parameters on melt pool dynamics and its implications on 

microstructure and structural integrity. 

2.3.4 Microstructural Evolution   

Given the layer upon layer nature of the process, ALM is subject to epitaxial grain growth and 

cooling mechanisms that offer different metallurgical characteristics to that of traditional casting 

methodologies. In the initial layers, high cooling rates are achieved through contact with the substrate 

leading to the formation of a fine grain structure as a result of shorter growth times being available [95] 

[96]. However, as layer height increases and contact with previously heated layers become prominent, 

slower cooling rates lead to the formation of coarser and eventually elongated grains subsequent to 

competitive grain growth as indicated in Figure 2.24. The direction of grain growth is typically aligned 

to the {001} direction and is dictated by the melt pool shape and size, with the grains growing from the 

boundary towards the centre of the melt pool as shown in Figure 2.25. In the case of LPBF, melt pools 

are traditionally long and shallow with variances dictated by process parameters, giving further 

indication as to the existence of a downwards heat flow.  
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Figure 2.24. EBSD texture mapping of the evolving microstructure within LPBF AlSi10Mg alloy 

[97]. 

 

Figure 2.25. a) SEM of existing melt tracks within LPBF AlSi10Mg alloy b) corresponding EBSD 

texture mapping of melt tracks showing internal grain growth within the molten pool [98]. 
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Given the fact that melt pools act as the origin for grain growth and are dictated by process 

parameters, there have been ongoing efforts to characterise melt pools as they give insight into the 

consistency of the process. This has even been continued to the extent where it is included in the 

Marshall Space Flight Centre’s (MSFC) technical standard and specification for controlling LPBF 

metallurgical processes [99] which acts as a subsidiary to the National Aeronautics and Space 

Administration (NASA).  

 

White et al [100] utilised a semi empirical, statistical approach to quantifiably ascertain the 

impact of process parameters on melt pool profiles within a LPBF AlSi10Mg alloy. Microscopic 

analysis, as shown in Figure 2.26, was conducted in conjunction with manual measurements to gauge 

the impact on both track depth and width. It was shown that both power and scan speed are ‘primary 

parameters’ for influencing melt pool depth, as shown in Figure 2.27, with a linear asymptotic 

correlation being observed between energy density and track depth. This paper also found that h* and 

l* can impact track width, where track coalescence and pairing can occur given their interactions with 

previously deposited layers. 

 

Figure 2.26. Microscopy of AlSi10Mg melt tracks fabricated with the LPBF process [100]. 

 

Figure 2.27. Track depth vs power/scan speed over a series of powers for LPBF AlSi10Mg alloy 

[100]. 
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Given the cost/time implications associated with ALM and the challenges characterising melt 

pools in multi-weld passes, research has looked at the characterisation of single bead fabrications as 

shown by Gong et al [101]. SLM variants in beam speed/power and their inherent impact on melt pool 

geometries were investigated as shown in Figure 2.28, which has provided useful insight as to how 

parameters such as hatch spacing can be down-selected in accordance with track sizing.  

 

 

Figure 2.28. Melt pool profiles with variations in beam speed and power [101]. 

Numerous papers have highlighted further challenges associated with characterising melt pool 

profiles and as such have utilised modelling processes and in-situ characterisation technologies for high 

speed imaging. Guo et al [102] in particular noted and revealed the differing rates of energy absorption 

under a constant input energy density, giving rise to melt pool variation which further validates work 

done by Bertoli et al [86], suggesting that volumetric energy density can fail to capture melt pool physics 

in some instances. 

The grain structure formed during solidification significantly affects its mechanical properties 

and thus negatively impacts its resistance to high temperature mechanical deformation mechanisms. 

The following section will give an overview as to how the metallurgical complexity of these cooling 

characteristics can lead to the formation of undesired defects unique to the LPBF process. 
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2.3.5 Material Defects  

Given the metallurgical complexity of the manufacturing process as previously discussed, ALM 

is privy to unique defects and process phenomena not seen in alternate manufacturing routes. The 

following section will give an overview as to these characteristics, their causes and measures that can 

be taken to alleviate such issues. 

2.3.5.1 Porosity  

 

In a similar manner to cast and wrought methodologies, porosity is a commonly occurring 

defect that is noticeably observed in ALM built components. It is well documented and hypothesised 

that there are multiple mechanisms of formation that consequently change their size, frequency and 

distribution. One of the most noted mechanisms for porosity formation is that of keyholing, where high 

energy densities lead to the transition from a conduction to keyhole welding mode. This is typically 

characterised by a deep and narrow weld, which consequently gives rise to internalised reflections of 

the laser which intrinsically converts to heat. As this process develops, these keyholes become unstable 

and collapse leading to entrapped vapour and subsequently the formation of large, highly spherical 

pores, examples of which can be seen in Figure 2.29. Given the existence of this phenomenon, much 

work has gone into characterising this transition through various means. An example of this is shown 

by Philo et al [103], who employed pragmatic continuum level modelling in combination with over 60 

single line experiments.  

 

 

Figure 2.29. a) keyhole formation from excessively high energy density in a 316L stainless steel 

fabricated by LPBF b) large spherical porosity consequent to keyholing within bulk material [104]. 

 

In addition to entrapped vapour, additional gas entrapment mechanisms as a result of hollow 

powder particles can form during the gas atomisation process. During gas atomisation, liquid metal is 
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interrupted and subjected to a high velocity gas flow (nitrogen or argon). In some cases, this gas can 

become entrapped within the powder during formation, which when melted within the LPBF process 

can lead to the formation of spherical pores. What’s more, the incorporation of gas shielding 

environments during the powder bed process through the introduction of an inert gas such as nitrogen 

or argon can become entrapped within the liquid molten pool as shown in Figure 2.30a. 

Furthermore, when energy densities aren’t sufficient enough to penetrate previously deposited 

layers, defects such as a lack of fusion become more prominent. This insufficient penetration causes a 

lack of cohesion between layers and subsequently, elongated voids as shown in Figure 2.30b. Given 

their morphology, these are more likely to be stress concentrating features and as such result in a 

significant reduction in mechanical performance.    

 

Figure 2.30. a) Gas porosity and unmelted powder particle in IN718 b) lack of fusion defect in IN718 

[105]. 

2.3.5.2 Cracking  

 

Considering the unique thermal characteristics of layer upon layer deposition as discussed, 

ALM is subject to multiple mechanisms of cracking, some of which are similar to that of welding. 

Solidification cracking in particular is prominent in highly strengthened nickel superalloys such as 

CM247LC and CMSX486, where the solidifying deposit contracts and shrinks at a different rate to that 

of the previously deposited layer [95] [106]. As such, a tensile force is generated which can often exceed 

the material’s strength and consequently, grain boundary cracking ensues. 

 

In addition to solidification cracking, liquation cracking is a commonly occurring mechanism 

within the welding of nickel superalloys given the large difference between the liquidus and solidus 

temperatures, leading to the existence of a large partially melted zone (PMZ). For nickel superalloys, 

fast heating to temperatures below the liquidus temperature can lead to the liquidation of low melting 

point precipitates such as carbides and when the PMZ undergoes a tensile load as a result of contraction 
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mechanisms similar to that of solidification cracking, these regions can act as stress raisers [95] [106]. 

Examples of liquation cracking in both cast and ALM material is shown in Figure 2.31. 

 

Figure 2.31. SEM image highlighting the prevalence of liquated HAZ zones around a welding crack 

in a) cast IN738 and b) laser melting deposited IN718 [107] [108]. 

2.3.5.3 Residual Stress 

 

As mentioned, ALM is subject to a directional thermal gradient and heat flux which not only 

has implications on anisotropic grain growth but cooling and contraction mechanisms associated with 

defect formation. One mechanism which has major implications on mechanical performance is that of 

residual stressing, which results from liquid molten metal coming in contact with previously deposited 

layers or substrates which are inherently cooler. Subsequently, an abrupt thermal gradient and 

exceptionally high cooling rate occurs, which can cause high levels of plastic strain accumulation [109] 

and thus have numerous negative implications such as inaccurate dimensional tolerances, geometric 

distortion and the exacerbation of previously existing defects [110].   

 

2.3.5.4 Selective Vapourisation 

 

Studies have emphasised that during ALM, the loss of alloying additions and consequently the 

lack of uniform chemical homogeneity becomes apparent. This takes place as a result of selective 

vapourisation mechanisms, in particular for low melting point elements such as aluminium and 

magnesium which have been shown by Brice et al for titanium and aluminium alloying systems [111] 

[112], an example of which is shown in Figure 2.32. It is noted by Debroy et al [113] that the loss of 

such elements occurs at the surface of these high temperature liquid molten pools, although chemical 

depletion occurs throughout the entire volume of the melt pool, meaning that the surface area-to-volume 

ratio is the key considerable. Considering this and the influence on microstructural development 

previously mentioned, a detailed understanding of melt pool geometries and temperature fields is 

evident.  
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Figure 2.32. Aluminium depletion and an increase in titanium concentration along the build height of 

a Ti-6Al-4V sample fabricated by LPBF [114]. 

 

2.3.6 Mechanical Testing of ALM 

 

In industry today, the understanding as to the mechanical performances of newly developed 

materials whether it be by means of alloy design or manufacturing route are imperative for establishing 

suitability in respect to specific applications and in-service conditions. The traditional approach to 

mechanical property assessment is the use of conventional uniaxial testing methodologies, where 

generic specimen geometries are utilised for the high temperature tensile testing of metallic materials 

in accordance with ISO 6892-2:2018 [115] and the uniaxial creep testing of metallic materials in 

accordance with ISO 204:2018 [116]. Although these methods are internationally recognised and 

provide the fundamental basis for mechanical property assessment over a wide range of industries, 

certain circumstances can highlight their limitations where the implementation of small scale testing 

methodologies prove to be beneficial.  

 

One of the most significant advantages of the ALM process is to produce highly intricate 

components not feasible through traditional cast and wrought methodologies. Given this, the use of 

traditional test specimen geometries can be considered somewhat restrictive and may not be entirely 

representative of the mechanical properties of a finalised component. Moreover, the fabrication of 

geometrically complex features such as lattice structures [117] or thin wall architectures [118] [119] 

may not provide enough bulk material for the extraction of standard test specimen geometries. 

Furthermore, additive processes are subject to epitaxial grain growth mechanisms and consequently 

they have highly transient microstructures [120] as detailed in Section 2.3.4. Given the nature of 

conventional testing specimens, traditional uniaxial testing may not prove sensitive enough to detect 

the discrete microstructural changes inherent to ALM and as such small scale testing methodologies 

provide value with regards to localised mechanical property assessment. Finally, given the metallurgical 

complexity of ALM and the abundance of process parameters and variables as outlined in Section 2.3.3, 
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the implementation of small scale testing methodologies as a means for rapid mechanical property 

characterisation proves not only to be economically beneficial given the cost implications of powder 

metallurgy routes as explored in in Section 2.2.4, but also given the accelerated test times as highlighted 

by Hosemann et al [121]. 

 

In order for LPBF components to be utilised within the aerospace sector, a detailed 

understanding of the microstructural evolution and variation of mechanical properties throughout the 

substrate, initial layers and developing structure is required. Given the metallurgical complexity of 

ALM and its inherent abundance of process parameters and variables, this thesis will look to employ 

the miniaturised small scale testing methodology Small Punch (SP) as a means for rapid validation and 

mechanical property assessment. The following section will give an overview of SP, detailing its 

successful utilisation for characterising a range of advanced materials over numerous industrial sectors.   

2.4 Small Punch Testing 

2.4.1 Introduction 

Small Punch (SP) testing is a small scale testing procedure developed in the nuclear industry 

by Manahan in the early 1980s in order to generate mechanical property data from small volumes of 

material, both in and out of service [122] [123]. Given the positive implications of localised mechanical 

testing, numerous industrial sectors attempted to implement this methodology into their testing 

procedures, however there was a halt to this movement given concerns regarding the correlation of data 

to traditional uniaxial testing methodologies. It wasn’t until the 1990s where SP testing underwent its 

resurgence after being successfully utilised in order to ascertain high temperature creep properties [124]. 

It has since been incorporated over a wide range of industrial sectors and material systems, offering the 

distinctly unique ability to characterise localised regions of material where evolving microstructures are 

prominent such as welded joints [125] [126] and complex piping systems [127] [128]. Subsequently, 

SP testing has been exploited by the aerospace industry for the mechanical assessment and 

characterisation of advanced materials such as ALM components, where traditional methodologies may 

not be possible given the nature of highly intricate components and their subsequent geometry 

restrictions [129]. 

 

Within this work, SP testing will be incorporated as a means of mechanical property assessment 

and hence utilised as an effective tool for ranking and rapid validation; demonstrating the influence of 

ALM’s key process variables, the material discontinuities they produce and ultimately their adverse 

effects on mechanical performance. The following section will give an overview as to the basic 

principles of SP testing and the manners in which they can be conducted. 
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2.4.2 Test Setup & Data Interpretation 

SP testing consists of subjecting a miniature, thin, disc shaped specimen, typically 8-9.5mm 

diameter and 500μm ±5μm thickness to a 2-2.5mm diameter indenter, the material of which is 

dependent on both testing conditions and the material on which the test is being applied. The indenter 

or ‘punch’ can be driven into the specimen in several manners dependant on the desirable information 

intended, as will be discussed further on, however the general consensus is that the disc be 

circumferentially clamped between an upper and lower die as presented in Figure 2.33. 

 

Figure 2.33. Schematic illustrating circumferential clamping of specimen within the test setup [130]. 

From a specimen preparation perspective, cylindrical rods are typically removed from larger 

pieces of material by electrical discharge machining (EDM), which are subsequently turned down to 8-

9.5mm diameter and sliced into sections of reasonable thickness, 1-2mm. These disc sections are then 

ground down on both faces through a series of successively finer grit papers until the desired thickness 

of 500μm ±5μm is achieved with a 1200 grit finish. Prior to testing, the disc is measured both centrally 

and at four other locations in order to ensure that the specimen uniformly falls within the ASTM E3205-

20 standard [131]. 

2.4.2.1 Small Punch Tensile 

For Small Punch Tensile (SPT), the indenter is driven into the specimen under a constant 

displacement, generating a biaxial tension and subsequently, tensile like deformation. Given the 

compressive fashion in which the load is applied, electric-screw test frames are typically utilised with 

the force required to punch through the specimen being recorded as a function of the material’s 

deflection. The small disc like specimen is circumferentially clamped between an upper and lower die, 

with the upper die possessing a circular aperture in order to allow the puncher to pass through and 

impose force. The lower die also contains a receiving hole, typically 4mm in diameter, in accordance 

with the dimensions stated in ASTM E3205-20 [131], in which the sample will plastically deform 

through and emerge during testing. From a test monitoring perspective, it is also worth noting that the 

specimens’ deflection is recorded with a Linear Variable Displacement Transducer (LVDT) that is 
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placed in contact with the underside of the disc, opposite to the point of contact from the punch tip. This 

is necessary in order to ensure correct force compliance and intimate measurement of the material’s 

deformation. An illustrated overview of SPT can be seen below in Figure 2.34. An example of results 

generated from SPT testing on a range of steel alloys is illustrated in Figure 2.35. 

 

Figure 2.34. A schematic representation for a typical small punch tensile setup [132]. 

 

Figure 2.35. SPT results on a range of steel alloys [133].  
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2.4.2.2 Small Punch Creep 

In an almost identical manner to SPT, in a Small Punch Creep (SPC) test, the indenter is driven 

into the specimen under a constant static load. These tests are performed in a ‘dead-weight’ testing 

frame with the disc also being circumferentially clamped between the upper and lower die. It is 

imperative that over clamping should be prevented as it will help to reduce any issues related to thermal 

expansion which could subsequently influence data generation, affecting both the accuracy and 

repeatability of the test. In both SPT and SPC, high temperatures are introduced to the system using 

either digitally controlled furnaces or induction heating system. For SPC, it is also recommended that 

an inert gas environment be introduced in order to prevent oxidation effects. 

 

Once the specimen is under load, the deformation of the disc is monitored and recorded from 

both the top and bottom surfaces of the disc using LVDTs. The first transducer is positioned just below 

the loading pan, parallel to the loading axis, with the second transducer being in contact with underside 

of the disc, similar to SPT, through the use of a SiO2 quartz rod that is fed through the lower die. An 

average value of these displacements are recorded and displayed on the SPC curve in relation to time. 

The high temperatures induced during SPC are also monitored and recorded throughout testing using 

thermocouples, the main of which is placed in contact with the sides of the disc.  There is the option for 

an additional thermocouple, located within the upper die although it is neither a necessity nor standard 

practice. A typical SPC setup is shown below in Figure 2.36 with an example of the results generated 

shown in Figure 2.37. 

 

Post testing, results are characterised and displayed graphically using time-displacement 

curves. Within these curves there are the recognised stages of creep deformation (primary, secondary 

and tertiary) similar to that of traditional uniaxial testing, but with considerably different deformation 

mechanisms. The primary region is dictated through the initial elastic bending period as to when the 

disc firstly undergoes load. Once yielding occurs, the onset of plastic deformation and what is referred 

to in some literature as ‘steady-state’ creep occurs through membrane stretching dictated by the biaxial 

stress induced by through the puncher. Once the disc is suspect to considerable thinning through 

necking, it approaches the tertiary stage where failure is imminent. It is worth noting that within the last 

decade, there have been on-going efforts to standardise both SPT and SPC alongside the European Code 

of Practice (CoP) [134], leading to the development of the ASTM International Standard Test Method 

for Small Punch Testing of Metallic Materials [131]. 
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Figure 2.36. A schematic representation of a typical small punch creep setup, recreated from [135]. 

 

Figure 2.37. SPC results the steel alloy 16Mo3 [136]. 
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2.4.2.3 Small Punch Fatigue 

Given the advancements made in both SPT and SPC and their successful incorporation over a 

wide range of industrial sectors, research in more recent years has recognised the need for applying 

stress/load in a cyclic fashion, representing fatigue deformation that is often seen as the primary 

causation for failures within service. This has heralded the development of the Small Punch Fatigue 

(SPF) test, where efforts have been made to replicate the loading regimes that can often be seen within 

conventional fatigue loading, with different setups being incorporated for compressive loading ratios 

(R > 0), positive loading regimes (R = 0.1) and fully reversed loading cycles (R = -1) [137]. An example 

of the SPF results generated from this test setup on Ti-6Al-4V can be seen below in Figure 2.38. 

 

Figure 2.38. SPF testing on Ti-6Al-4V specimens at 20°C, a) R = 0.1 b) R = -1 [138]. 
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Despite SPF not being utilised within this study, it further highlights the robust and versatile 

nature of small scale testing methodologies such as SP. All these manners of testing are indicative and 

somewhat representative of the nature that traditional uniaxial testing methods are conducted in, with 

ongoing research looking into data correlation between the two [139]. The following section will give 

an overview as to the ongoing work regarding correlation to uniaxial data.  

2.4.3 Small Punch to Uniaxial Correlation 

 

Traditional uniaxial based mechanical testing methodologies provide the foundational basis and 

understanding of material properties. However, given the numerous advantageous features of small 

punch testing and the ability to assess mechanical properties from limited volumes of material, ongoing 

efforts have been made to establish an empirical correlation to uniaxial data. The following section will 

give some contextual insight as to some of the existing correlation work. 

 

2.4.3.1 Small Punch to Uniaxial Tensile 

 

When considering the multiaxial nature of small punch testing, direct correlation to traditional 

uniaxial stress parameters such as yield strength (σys) and ultimate tensile strength (σUTS) proves to be 

challenging given the evolving stress state and change in cross sectional area inherent to the testing 

technique. As such, the generic σ = F/A relationship becomes unsuitable and alternative methodologies 

originating from the load - displacement curves produced by the testing technique, as shown in Figure 

2.39, need to be considered. 

 

 

Figure 2.39. Load – Displacement curve produced by SPT testing technique [140]. 

 



69 

 

In order to correlate to and predict the traditional uniaxial stress parameters discussed, loading 

criteria which relates to these mechanical properties such as yield load (Fy) and maximum load (FMax) 

must be determined, with FMax being simplistic to identify as it is represented in the maximum point of 

the load – displacement curve. Fy on the other hand is more difficult to differentiate as it illustrates the 

change from elastic to plastic deformation and has as such been the subject of numerous investigations 

where multiple methodologies have been proposed. Early work by Norris et al [141] employed a linear 

trendline coinciding and overlapping the initial elastic gradient of the load – displacement curve, where 

the point at which these two lines diverge being considered the yielding point. However, modernised 

approaches have employed more sophisticated methodologies as critically evaluated by Garcia et al 

[142] such as the offset methodology and the bilinear two tangent methodology developed by Mao et 

al [143], of which is considered as the go to methodology in the ASTM E3205-20 standard [131].  

 

 For yield strength, there appears to be a general consensus in the literature [144] [145] [146] 

that a linear relationship exists between σys and Fy, which in turn is divided by the square of the initial 

thickness of the specimen (h0), as shown in Equation 9. Here, the α1 and α2 terms represent material 

constants derived through existing uniaxial data.  

 

 
σ𝑦𝑠 = 𝛼1

𝐹𝑦

ℎ0
2 + 𝛼2 (9) 

 For ultimate tensile strength correlation however, there appears to be some disagreement, where 

the initial outlook was similar to as previously proposed, with FMax being divided by the initial disc 

thickness squared (h0
2) to represent σUTS as shown in Equation 10, with β1 and β2 once again representing 

material constants. However, some literature appeared to contradict this notion [147] and as such the 

equation was modified in order to take into account the punch head displacement at the maximum load 

(dm), as represented in Equation 11 [148].   

 
σ𝑈𝑇𝑆 = 𝛽1

𝐹𝑀𝑎𝑥

ℎ0
2 + 𝛽2 (10) 

 

 
σ𝑈𝑇𝑆 = 𝛽′1

𝐹𝑀𝑎𝑥

ℎ0
2 𝑑𝑛

+ 𝛽′2 (11) 

  

Davies et al [149] demonstrated the application of these empirical correlations on both cast and 

LPBF variants for C263 where uniaxial data was available, with Figure 2.40 presenting the relationships 

between yield stress and Fe/h0
2 and the relationship between ultimate tensile strength (UTS) and Fm/h0

2. 
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For both correlations, a high coefficient of determination (> 0.85) was showcased, demonstrating a 

significant relationship between SP load and uniaxial stresses for both cast and LPBF C263. As such, 

correlation coefficients were calculated and established, but these were revealed to be both highly 

material and temperature dependent.  

 

Figure 2.40. Yield Stress vs. Fe/h0
2 and UTS vs. Fm/h0

2 for C263 variants [149].  

2.4.3.2 Small Punch to Uniaxial Creep 

 

The origins and correlation of small punch to uniaxial creep data was initiated with the 

Chakrabarty membrane stretch model offered in 1970 [150], which has formed the fundamental basis 

and understanding between central deflection and strain within the small punch creep test. This model 

provided the framework for the most widely recognised empirical correlation method to date, that is the 

kSP method, which essentially acts as a correlation factor to determine uniaxial creep stress from SPC 

data. This methodology is represented below in Equation 12, where F is the SP load, σ is the applied 

stress in a uniaxial test, R is the receiving holes radius, r is the radius of the punch head and h0 is the 

thickness of the disc. As such the kSP method has been successfully applied to several material systems 

including CMSX-4 [151], P91 [152] and P92 steels [125].  

 

 𝐹

σ
= 3.33𝑘𝑆𝑃𝑅−0.2𝑟1.2ℎ0 (12) 

 

However, despite the promise found within previous literature, the kSP method was not without 

its limitations. The utilisation of a material constant can provide difficulty in the instances where there 

is no uniaxial data to complement SPC data, resulting in an approximation. Furthermore, considering 

that the Chakrabarty membrane stretch model is for materials that display significant plasticity and 
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ductility, it is proved inadequate for more brittle materials that display cracking behaviour during the 

early stages of loading. This has been well demonstrated by Lancaster et al [153] for γ TiAl 45-2-2 at 

elevated temperatures, given titanium aluminide’s relatively low ductility where the influence of Von 

Mises and worst principal stress take precedent. It was highlighted that in brittle materials, cracking 

appeared to initiate directly below the punch head during the initial loading contact, whereas for ductile 

materials cracking imitated around the periphery of the punch head at a later stage. This will be 

discussed later in further detail but given the apparent breakdown, alternative methods of correlation 

have been considered. 

 

The Monkman-Grant approach is a well-established prediction model that is formed off the 

apparent relationship between time to failure (tf) and minimum creep rate (ε̇m). Given its successful 

demonstration across uniaxial testing [154], it has been the subject of modifications for application 

towards SPC, where ε ̇m is replaced with minimum deflection rate (𝛿̇𝑚) as shown in Equation 13. The 

material constant terms within this equation (m and C) are derived empirically using linear regression 

and thus the comparison and relationship of ε̇m to 𝛿̇𝑚 is represented in Equation 14. An example of the 

utilisation of the Monkman-Grant approach on P92 steels is demonstrated in Figure 2.41. 

 
log 𝑡𝑓 = 𝑚 log δ̇𝑚 =  𝐶𝑠 (13) 

 𝜀̇ =  10𝐶−𝐶𝑠 𝑚⁄  𝛿̇𝑚 
(14) 

 

Figure 2.41. Correlation of uniaxial and SPC results through the Monkman-Grant relationship in P92 

steel [155].  
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The Larson-Miller Parameter (LMP) is a widely recognised methodology for predicting the 

lifetime of a material subjected to creep deformation through derivations of the Arrhenius equation, 

which is well recognised in literature [154]. A correlation between temperature (T) and time to failure 

(tf) is embodied below in Equation 15. In this instance, C is the material constant. 

 
𝐿𝑀𝑃 = 𝑇(𝐶 +  𝑙𝑜𝑔𝑡𝑓

) (15) 

The linear relationship observed relating LMP to uniaxial stress can also be obtained through 

linear regression as demonstrated by Andres et al [156] when stress is substituted with an applied SPC 

load, and a correlation factor can be applied to achieve the same relationship and therefore ascertain 

creep predictions as shown in Figure 2.42. 

 

 

Figure 2.42. Uniaxial and SPC comparisons for AZ31 alloy using the LMP [156]. 

In more recent times, the Wilshire methodologies have provided a modernised approach to 

creep lifing and the extrapolation of short-term uniaxial creep data for lifing predictions given the 

existent breakdown of the power-law equations observed at higher temperatures for more complex 

alloying systems as highlighted by Whittaker et al [157]. Within this prediction methodology, the 

assumption made is that dislocation movements aided by diffusion are the dominant mechanism and 

this approach has successfully been applied in determining creep lives from short-term uniaxial data. 

Given this, Jeffs et al [158] effectively utilised this methodology by replacing stress with SP load, 

similar to the LMP approach previously discussed.  This approach was employed on CMSX-4 with its 

abundance of uniaxial creep data as demonstrated in Figure 2.43, where a good agreement was observed 

between the predictive methodology and the existing data. In addition to single crystal systems, a 

modified version of the Wilshere equations has been effectively used by Davies et al [159] as shown in 

Figure 2.44 to determine the long term creep lives of the polycrystalline nickel-based superalloy C263 

both in cast and ALM form. 
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Figure 2.43. Uniaxial and SPC data for CMSX-4 with lifing predictions formed from the Wilshere 

equations [158].  

 

Figure 2.44. Load vs Time to Rupture Plots for SPC tests carried out on cast and LPBF variants of 

C263, alongside modified Wilshere equation predictions [159]. 

As discussed, the limitations of simplistic approaches such as the kSP have been noted, 

specifically with regards to its breakdown for brittle materials subjected to high temperature conditions 

such as titanium aluminides. Given the previous framework for numerical modelling and the use of 

Finite Element Analysis (FEA) on SPC behaviour over a range of alloying systems [160] [161] through 

uniaxial creep data, Lancaster et al [153] incorporated this methodology to predict SP creep in the highly 

brittle γ-Ti-45Al2Mn-2Nb as previously mentioned. Material parameters consistent with the theta (θ) 
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projection technique developed by Evans [162] are produced from uniaxial creep data and applied to 

small punch boundary conditions. An axisymmetric model consisting of 900 CAX4 elements was 

developed in Abaqus using a *CREEP subroutine in order to correspond with the testing geometries 

apparent in the SP test technique as shown in Figure 2.45. The top and bottom surfaces of the 

circumferentially clamped regions being considered rigid with a rough contact being assumed with a 

coefficient of friction of 0.35.    

 

 

Figure 2.45. Axisymmetric model coinciding with SP testing geometry [153]. 

 

The stress states analysed from this model showcased the evolution of the stress apparent in SP 

testing, where high compressive stresses adjacent to the punch head were confirmed in the initial stages, 

leading to high radial, hoop and inherently maximum principal stresses to be observed and form on the 

underside of the disc. As displacement and penetration of the punch head continued to ensue, the stress 

fields appeared to change with peak stresses decreasing and moving away from the centre of the disc 

and this appears to be seemingly more evident in ductile materials as will be discussed. Thinning also 

became evident which inherently further accelerated displacement rate. Given the evolution of stress 

states during the test, SP tests appeared to showcase different shaped curves comparative to uniaxial 

approaches as shown by the predictions in Figure 2.46a. The predictions of both the evolving stress 

states and testing appeared to show a strong fit to both fractography (as will be discussed in the 

following section) and the experimental data shown in Figure 2.46b over a range of loading conditions; 

both of which innately provide greater confidence in an understanding of the underlying mechanisms 

intrinsic to SP.  
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Figure 2.46. a) Predicted SPC Time - Displacement curves at 700°C and b) Time – Displacement 

curves for SPC testing on γ-Ti-45Al2Mn-2Nb at 750°C [153]. 

 

Although this thesis will not look to correlate SP testing to uniaxial data given the limited 

material availability consequent to the abundance of parameter sets and cost implications of powder 

metallurgy-based routes, the correlation work outlined provides some demonstrated validity for the 

testing methodology. This thesis will rather look to effectively employ small punch testing as a ranking 

tool for rapid validation over a range of LPBF process parameters and variants for two nickel-based 

superalloys. 
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2.4.4 Small Punch Fractography 

The analysis and investigation of material fractography and more specifically fracture surfaces 

has been utilised within numerous industrial sectors in order to help gauge an understanding of a 

materials’ failure characteristics. During SPC, fracture typically occurs through one of the two primary 

failure modes; brittle and ductile.  

Brittle fractures are an instantaneous, catastrophic event in which materials fail with very little 

or no prior plastic deformation. In the case of SP, radial cracking emerges from the central point of the 

disc where maximum principal stresses are at their highest given the lack of elastic flow stress, 

appearing in a ‘starfish’ manner in which the severity of embrittlement is readily apparent as illustrated 

in Figure 2.47(a-c). In contrast to this, ductile failures are a relatively slow phenomenon, where energy 

is absorbed during the onset of plastic deformation. In this case of SP, fracture typically occurs around 

the head of the punch where membrane stretching is prominent and is dictated by Von Mises stress, 

leading to crack propagation along its circumference indicating that the maximum stress is not located 

at the centre of the disc. This is most ruddily described in the SP community as ‘moon and crescent’ 

fracture as illustrated in Figure 2.47(d-f), where the level of ductility in the material can be readily 

observed and compared.  

 

 

Figure 2.47. SP fractography of Ti-6Al-4V showing levels of embrittlement (a, b and c) and ductility 

(d, e and f) post rupture [163]. 
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2.4.5 Small Punch Testing of Advanced Materials 

Considering the demonstrated validity of this miniaturised testing method and the ongoing 

efforts to seek standardisation, its use for the characterisation of advanced materials has become 

prominent in recent years.  SP testing has been successfully applied to a wide range of alloying systems 

across numerous industrial sectors. However, for the aerospace industry in particular, they have been 

effectively utilised as a means of mechanical characterisation of alloying systems that are extensively 

used within the gas turbine engine such as titanium, nickels and steel.  

SPT has been successfully employed to characterise and mechanically assess polycrystalline 

Ni-based superalloys in an effort to draw both comparisons and intermediate conclusions as to the 

influence of manufacture by different means, namely traditionally wrought & cast methodologies, in 

comparison to ALM [149]. Davies et al employed SPT at both RT and 780°C to effectively rank a series 

of C263 variants including cast and LPBF variants of differing build orientation and post processing 

treatments, as shown in Figure 2.48. It was highlighted at both temperature conditions that 

differentiations in mechanical performance were observed which were subsequently investigated 

through microstructural analysis, with highly anisotropic microstructures consequent to changes in 

build orientation being evident with a standard solution heat treatment (SHT) but seemingly alleviated 

with a higher solution heat treatment (HSHT). Despite this, both LPBF variants appeared to showcase 

a greater resistance to biaxial deformation than that of traditional cast material which was suggested to 

be consequent to the increased volume fraction of grain boundaries apparent and the bimodal nature of 

the grain size in the cast material In addition to this, a noticeable discrepancy in the mechanical 

performances of the variants subjected to the two differing heat treatments was highlighted through 

SPT, where energy dispersive spectroscopy (EDS) picked up discrete changes in chemical segregation 

and particularly the dissolution of γ’ formers in the SHT material comparative to the HTST equivalent. 

When considering the results discussed and the distinct changes in performances observed, SP was 

demonstrated to be a sensitive testing technique that is effective at characterising discrete 

microstructural changes.  

 

Figure 2.48. SPT employed on a series of cast and LPBF C263 variants at a) RT and b) 780°C [149]. 
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As discussed, once of the significant benefits of the SP testing technique to a wide range of industrial 

sectors is the discrete sampling nature and ability to mechanically assess localised regions of 

microstructure. This was exploited to characterise the locational dependency of mechanical properties 

within a model aerofoil, as shown by Hurst et al [164] and indicated below in Figure 2.49. 

 

 

Figure 2.49. a) SP specimen sampling from a DED IN718 model aerofoil b) SPT results of location 

dependency from aerofoil and wrought material [164]. 

 

This paper highlighted two key points in regards to DED IN718 with the first being that there 

is clear influence of the manufacturing process on the mechanical performance of the material which 

has been discussed in previous sections. The second is the subtle variation in mechanical performance 

that is subsequent to the location within the aerofoil component given the anisotropic and evolving grain 

structures further shown in Figure 2.50a and b. It is highlighted in this study that the deposited layers 

close to the substrate formed by DLD displayed a weaker response in comparison to the mid-region or 

the tip of the aerofoil, despite the elongation and coarsening of grain structures apparent. Although it is 

reasonable to assume the performance would be dominated by the well acknowledged Hall-Petch theory 

[165], an understanding as to the underlying microtextural influences and their influence is needed as 

shown, where textural development consequent to the directional heat flow in ALM processes is 

evident. This paper has subsequently further emphasised the difficulty in ascertaining these influences 

on mechanical properties using traditional laboratory uniaxial specimens and thus the advantageous 

aspects of miniaturised testing methods. 
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Figure 2.50. EBSD IPF X maps of evolving microstructure from substrate to aerofoil tip highlighting 

the evolution of grain structure and texture [164]. 

 

Furthermore, in addition to the evolution of microstructures with increasing layer height, the 

influence of orientation effects on mechanical performance was also a key area of interest within this 

study. It was underlined, as indicated in Figure 2.51, that there was a significant enhancement in tensile 

performance if the load was applied parallel to the axis of build epitaxy (ST). Conversely, when the 

load was applied perpendicular to the axis of build epitaxy (T & L), there was a noteworthy reduction 

in tensile performance. These results can additionally give insight as to how miniaturised mechanical 

testing methods such as SPT can be exploited to establish, underline and quantify the impact that 

metallurgical mechanisms associated with ALM have on mechanical performance [164]. 

 

 

Figure 2.51. SPT results for ALM IN718 for differing loading axis in relation to build epitaxy [164]. 
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As previously mentioned, Zhao et al [125] has successfully demonstrated the application of 

SPC to ascertain mechanical properties from localised regions of in-service material for complex piping 

systems, where welded regions give rise to the presence of heat affected zones (HAZ). Figure 2.52a, 

has shown the utilisation of SPC to characterise both the base and welded regions of material over a 

range of stresses, whilst Figure 2.52b emphasises the pivotal role that both grain structure and loading 

conditions have on creep deformation. It was underlined that coarsened grain structures in particular 

display a superior resistance to creep deformation given that the mechanism of failure is grain boundary 

dominated and typically intergranular. 

 

Figure 2.52. SPC testing of both fine-grained and coarse-grained material under different loading 

conditions [125]. 

SPC has previously been employed to characterise advanced high temperature materials such 

as Ni-based superalloys considering the nature of their application within the gas turbine engine. Jeffs 

et al [151] demonstrated this with the use of SPC on 2nd generation single crystal systems such as 

CMSX-4 as underlined in Figure 2.53a & b, where a series of tests were carried out at different loads 

(190-400N) and temperatures (950-1150°C). It was shown, as emphasised in Figure 2.53a, that as load 

was increased, a direct relationship with resistance to high temperature mechanical deformation was 

observed, as to be expected. The same can be said for temperature as shown in Figure 2.53b, where an 

increase in temperature is also shown to further accelerate creep deformation. The use of this 

miniaturised testing method in conjunction with microstructural analysis proved to be successful in 

characterising the evolution of mechanisms such as rafting under loading, as shown in Figure 2.54. One 

of the major points this further emphasises and supports is the existence of biaxial loading conditions 

within SP testing, as the rafted microstructures form perpendicular to the loading axis.  
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Figure 2.53. a) SPC testing at 950°C for a range of applied loads, b) load vs time to rupture plots for a 

range of temperatures (950-1150°C) on CMSX-4 [151]. 

 

 

Figure 2.54. a) Ruptured specimen post creep failure with corresponding microstructural imaging that 

highlights rafting in relation to loading direction b c) & d) [151].  
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In addition to single crystal systems, Jeffs et al [129] has demonstrated the effectiveness of 

using SPC to characterise advanced polycrystalline nickel systems, in particular directly comparing and 

contrasting wrought C263 against LPBF variants of differing build orientations as shown in Figure 

2.55a & b. It is shown that both the manufacturing route and the build orientation drastically impact the 

material’s resistance to creep deformation as a result of the significant changes in microstructural 

features, further highlighting the metallurgical complexity of the ALM process in comparison to 

traditional cast and wrought methodologies given the intrinsic anisotropic grain structure present. The 

influence of build orientation on grain sizes and morphologies are depicted in Figure 2.56b & c, which 

was hypothesised to be the main explanatory factor for the severe changes in mechanical performance, 

as creep deformation is a grain boundary dominated mechanism. Although these results concur with the 

anisotropic trends seen in previous literature [130] [166], given the biaxial state apparent as previously 

discussed, it is suggested that the need for further research becomes necessary.   

 

 

Figure 2.55. SPC results for directly comparing a) cast vs DLD variants and b) SP Load vs Time to 

Rupture for C263 [129]. 

 

 

Figure 2.56. C263 manufactured by different means a) cast, b) DLD 0o build orientation and c) DLD 

90o build orientation [129]. 
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Davies et al [149] [159] furthered this line of research on C263, by combining both the 

utilisation of SPC in conjunction with material characterisation microscopy techniques to ascertain and 

characterise the impact of variations in build orientation and post processing treatments. In this study, 

a series of LPBF variants of 0° and 90° build orientations were exposed to two different heat treatment 

regimens, one which was previously defined and one found in literature [167]. It was found that SP test 

results did in fact coincide with the anisotropic trends previously discussed, however it was observed 

that post processing routes, in particular high temperature solution treatments could be utilised to 

alleviate such issues by effectively reducing texture and the presence of elongated grains. The impact 

of these changes are significantly evident in Figure 2.44, where a change in SPC behaviour is observed 

for HT1 0° and 90°, contradicting that of the higher temperature solution heat treatment (HT2), where 

minimal change is noticed when comparing the 0° and 90° orientations. The individual SPC tests for 

HT2 0° are given as an example in Figure 2.57, where increasing load appears to accelerate creep 

deformation as to be expected. 

 
Figure 2.57. C263 SPC curves for HT2 0° at 780°C tested at different loading regimes [159].  

 

Furthermore, this study was able to highlight not only the impact of heat treatments on 

anisotropic grain structures, but it’s bearing on grain boundary strengthening precipitates such as 

carbides, which are considered to be of significant importance to grain boundary dominated 

mechanisms such as creep as previously mentioned. This paper highlighted two key points with regards 

to carbides, the first being that despite the same heat treatment, the manufacturing route appears to have 

a major influence on carbide characteristics. This is inherent of the rapid cooling mechanisms associated 

with ALM in comparison to that of casting processes, where limited time within the liquidus region 

would lead to fine dispersions of Ti and Al segregates within the γ matrix as shown in Figure 2.58a. 

Higher temperature solution heat treatments were shown to support the development of MC + M6C 

carbides as apparent in Figure 2.58b, with the Ti and Al segregates previously mentioned being no 

longer apparent through both solid-state diffusion into the γ matrix or contribution to the carbide 

formation. 
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Figure 2.58. Micrographs and elemental analysis of C263’s a) HT1’s Ti and Al dispersions suspended 

within the γ matrix b) HT2’s MC and M6C carbides from higher temperature solution heat treatments 

[159]. 

2.5 Summary 

Nickel-based superalloys showcase an impressive ability to retain mechanical properties at high 

temperatures alongside excellent oxidation and corrosion resistance. It is for these reasons that they are 

incorporated in a wide range of industrial sectors, specifically the aerospace industry where they are 

extensively utilised within the holistic gas turbine engine. Given the increasing demands of the civil 

aviation sector from both an environmental and economical perspective, the aerospace industry has a 

continuous need to drive gas turbine development through both increased temperature capability and 

weight reduction. It is therefore becoming increasingly interested in the use of alternative manufacturing 

and repair technologies, with research in near net shape technologies such as ALM rising in parallel.  

 

Given the complex nature of ALM processes and the large abundance of parameters and 

variables apparent, the use of miniaturised testing procedures that can discretely sample material proves 

to be a useful methodology. As discussed, miniaturised testing methods have been successfully utilised 

in order to ascertain mechanical properties from small volumes of advanced materials from both the 

nuclear and aerospace sector. In conjunction with microscopy and in-depth material characterisation 

methods, previous work at Swansea University has effectively implemented small scale testing methods 

to characterise single crystal nickel systems alongside metallurgically complex polycrystalline alloys 

such as LPBF C263. 

 

This study will look to incorporate SPC and SPT alongside in-depth material characterisation 

methodologies to characterise LPBF variants of polycrystalline nickel-based superalloys which contain 

high γ’ contents such as CM247LC and low γ’ alloy such as IN718. The premise behind this work will 

be to gauge a further understanding as to how process parameters and variables impact changes in 

microstructural features and thus mechanical performance.  
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Chapter 3 – Materials and Methodology 
 

In this study, the influence of key process parameters and variables on the mechanical and 

microstructural behaviour of two contrasting LPBF nickel-based superalloys CM247LC and IN718 was 

investigated. An assortment of LPBF variants was provided in four separate work packages by Rolls-

Royce plc. with key distinct differentials in each Design of Experiments (DOE) being employed. The 

initial sections of this chapters will introduce the materials, general procedures, equipment and 

experimental test setups utilised within this study. The latter sections will specifically detail the sample 

extraction, parameter deposition and testing matrixes utilised within each respective DOE. 

 

3.1 Materials 

3.1.1 CM247LC 

 The LPBF CM247LC variants provided by Rolls-Royce plc. were fabricated using gas 

atomised CM247LC virgin powder produced by ATI Metals, with a powder particle size distribution 

of 15.00 - 50.00μm, a mass flow rate of 13.72s/50g and an apparent density of 4.65g/cm3. Microscopic 

observations were provided by Rolls-Royce plc. and can be observed below in Figure 3.1, alongside 

the chemical composition specification for the powder as shown in Table 3.1. All CM247LC variants 

within this study were manufactured using the EOS M280 on a generic stainless steel build plate with 

a preheated powder bed of 80°C, with a continuous laser mode being applied in collaboration with a 

standard stripe hatching strategy, where 67° rotations were incorporated between layers. 

 

Figure 3.1. SEM observations of CM247LC gas atomised powder used in this study (courtesy of 

Rolls-Royce plc.) 

 

Table 3.1. Chemical composition specifications of gas atomised CM247LC powder by weight %. 

Ni Cr Co Al Ta 

Bal 8.00 – 8.50 9.00 – 9.50 5.40 – 5.80 3.10 – 3.40 

Mo Ti Hf B W 

0.50 – 0.60 0.60 – 0.90 1.20 – 1.60 0.01 – 0.02 9.30 – 9.70 
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3.1.2 IN718 

 

The LPBF IN718 variants provided by Rolls-Royce plc. were fabricated using gas atomised 

IN718 virgin powder produced by Carpenter Additive, with a powder particle size distribution of 15.00 

- 45.00μm, a mass flow rate of 9.47s/50g and an apparent density of 3.81g/cm3. Microscopic 

observations can be observed below in Figure 3.2, alongside the chemical composition specification for 

the powder as represented in Table 3.2. All IN718 variants within this study were manufactured using 

the EOS M290 on a generic stainless steel build plate with a preheated powder bed of 80°C, with a 

continuous laser mode being applied in collaboration with a standard stripe hatching strategy, where 

67° rotations were incorporated between layers. 

 

 

Figure 3.2. SEM observations of IN718 gas atomised powder used in this study. 

 

Table 3.2. Chemical composition specifications of gas atomised IN718 powder by weight %. 

C Cr Ni Mo Mn Nb 

0.08 17 - 21 50 - 55 2.80 - 3.30 0.35 (max) 4.75 - 5.50 

Ti Al Fe Si S P 

0.65 - 1.15 0.2 - 0.8 Bal 0.35 (max) 0.015 (max) 0.015 

 

3.2 General Methodologies, Equipment and Test Setup 

 

 The application of small scale mechanical testing methodologies in combination with 

microscopy based techniques was utilised in this study to assess the impact of changes across key 

process parameters and variables on mechanical properties, microstructural features and structural 

integrity. This section will outline the metallurgical preparation procedures for both microstructural 

analysis and small punch testing, the optical and electron microscopies operated and the miniaturised 

mechanical testing methodologies employed. 
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3.2.1 Metallurgical Preparation for Microscopy Analysis 

 

LPBF CM247LC and IN718 were subjected to their own respective series of grinding, polishing 

and chemical etching procedures. Samples were hot mounted in a conductive phenolic resin, bakelite, 

and subject to the general grinding and polishing procedures for each alloy as outlined in Tables 3.3 

and 3.4, where the ATA SAPHIR 520 was used. Following each step, the samples were washed with 

water and ethanol. Post polishing, CM247LC was washed with acetone or ethanol to remove the OP-S 

polishing media employed and then submerged in a high concentration Kalling’s reagent (5 grams 

CuCl2, 100ml HCl and 100ml ethanol) for approximately 10 seconds at room temperature. IN718 was 

immediately subjected to a swab of lower concentration Kalling’s reagent (diluted in distilled water), 

where a general figure of 8 motion was applied to subside the OP-S polishing media and expose the 

material surface for approximately 30 seconds at room temperature. For particle analysis, post chemical 

etching a re-polish was utilised using Step 4 outlined in each alloys’ polishing procedure. For 

fractography imaging, fracture surfaces were cleaned using acetone and distilled water in an ultrasonic 

bath for 15 minutes. 

 

Table 3.3. Metallographic grinding and polishing procedures for CM247LC. 

 Step 1 Step 2 Step 3 Step 4 

Base Piano-120 Largo Dac MD-Chem 

Media Water 

DiaPro 

Allegro 

Largo 

DiaPro 

Dac 

OP-S (0.04 

micron) 

Force (N) 25 25 25 20 

Speed (rpm) 300 150 150 150 

Time (min) 1 4 5 7-8 

 

Table 3.4. Metallographic grinding and polishing procedures for IN718. 

 Step 1 Step 2 Step 3 Step 4 

Base Piano-120 Largo Dac MD-Chem 

Media Water 

DiaPro 

Allegro 

Largo 

DiaPro 

Dac 

OP-S (0.04 

micron) 

Force (N) 25 25 25 20 

Speed (rpm) 300 150 150 150 

Time (min) 1 6 10 15 
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3.2.2 Metallurgical Preparation for Small Punch Testing 

 

 Ø9.5mm discs of different thicknesses were extracted from the fabricated material as will be 

outlined in each respective work package section. These discs were subject to a series of sequential 

grinding procedures using the ATA SAPHIR 360, where grades of silicon carbide papers of increasing 

grit were consecutively employed as shown in Table 3.5. The discs were held in contact with the 

grinding media using a bespoke jig with a 9.5mm diameter bore, with the thickness of each disc being 

monitored at intervals during the grinding process using a calibrated digital micrometre, in order to 

ensure uniformity. The dimensional accuracies of the discs subjected to testing all conformed to the 

ASTM E3205-20 standard for small punch testing specifications of a 0.5mm thickness, with tolerances 

of ± 0.005mm [131]. 

 

Table 3.5. Grinding procedure for small punch disc preparation. 

Stage Grit Sample Thickness RPM 

I 60 > 1mm 300 

II 500 > 0.6mm 300 

III 1200 < 0.6mm 300 

 

3.2.3 Optical Microscopy 

 

 Optical Microscopy was conducted on all LPBF CM247LC and IN718 process variants to 

capture microstructural features using both the ZEISS Smartzoom 5 and ZEISS Axio Observer. 

Operating software controls were utilised on both systems to in order to optimise the resolution, 

brightness and contrast of each image to correspond to the features desired for observation. In addition 

to this, stitched high resolution imaging was incorporated on numerous process variants as will be 

detailed later, where an initial low magnification image was acquired using a black and white 

contrasting coalescence. From there, a meshed grid of tiles was applied over the desired range for 

acquisition and a heightened magnification of 200x was selected. Autofocusing points were deliberated 

and determined at various points throughout the sample before the image was acquired.    

  

3.2.4 Scanning Electron Microscopy 

 

 Scanning Electron Microscopy (SEM) was employed on a selection of the LPBF CM247LC 

and IN718 process variants in order to observe and capture the microstructural changes consequent to 

process parameter selection. The Hitatchi SU3500 was utilised in this study, where mounted samples 

were loaded onto a motorised stage and introduced to a vacuumed environment. Both secondary 

electron and backscattered electron contrasting imaging methods were used in this study, where 
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software controls were utilised in order to change an array of settings including accelerating voltage, 

working distance and spot size. Image focus, brightness and contrast were optimised to heighten the 

resolution and clarity of the desired microstructural feature. 

 

3.2.5 Energy Dispersive Spectroscopy 

 

Energy Dispersive Spectroscopy (EDS) was applied within this study on both CM247LC and 

IN718 to provide chemical mapping analysis. For all EDS maps incorporated in this study, the Oxford 

Instruments X-MaxN System was utilised in collaboration with the AZtec software platform system to 

provide chemical mapping. A large aperture with an accelerating voltage of 20KV, working distance of 

~ 10mm, spot size of 60 and a process time of 4 was selected so that a dead time of between 15 - 40% 

was achieved.  

 

3.2.6 Electron Backscatter Diffraction 

 

Electron Backscatter Diffraction (EBSD) scans were widely used within this work on both 

LPBF CM247LC and IN718 to characterise grain sizes and morphology, alongside providing an array 

of mapping techniques for microstructural characterisation and textural analysis. All EBSD scans 

generated in this study were completed using the Oxford Instruments NordlysMax3 in collaboration 

with the AZtec software platform. Process settings did vary across scans in order to heighten ‘hit rate’, 

but generally a large aperture was selected with an accelerating voltage of 25KV, working distance of 

15 - 25mm and a spot size of 90-100 being employed. For all CM247LC scans, a 200x magnification 

with a step size of 0.25 – 0.50μm was utilised for data acquisition and for all IN718 scans, a 250x 

magnification with a step size of 0.50μm was employed for data acquisition. All EBSD scans within 

this study were ensured to have a solution volume fraction rate of > 85%. The EBSD scans conducted 

were exported to the Oxford Instruments HKL Channel 5 format for subsequent analysis, where a 

variety of mapping techniques were used.  

 

3.2.7 Small Punch Creep Setup 

 

 Small Punch Creep (SPC) testing was performed on a variety of LPBF variants for both 

CM247LC and IN718 in this study, as will be outlined in the subsequent sections. Specimens were 

prepared in order to concur with ASTM E3205-20 [131] as defined previously in Section 3.22, where a 

bespoke, high temperature, ‘dead-weight’ testing frame developed at Swansea University [151] as 

shown in Figure 3.3 was used to conduct these tests. The specimen was circumferentially clamped 

between an upper and lower die, which was centrally aligned to the above loading pan as illustrated, 

where a receiving hole of Ø4mm exposes the top surface of the disc to a Ø2mm hemispherical alumina 

punch head. Two Type-N thermocouples were fed through drilled holes in the upper die in order to 
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maintain contact with the specimen and monitor test temperatures, which were secured in place using 

Nimonic wiring. Temperature tolerances of ± 3oC were maintained throughout all SPC tests. Two linear 

variable displacement transducers (LVDTs) were employed in this test setup in order to measure 

deformation from both sides of the specimen, where one was placed in contact with a SiO2 quartz rod 

fixed to the bottom face of the disc to record deflection and the other in contact with the above loading 

pan to monitor displacement on the top surface. A ceramic tube surrounded the upper and lower die in 

order to encapsulate the argon introduced to the system in order to prevent the influence of oxidation or 

corrosion, with a single zone split digital furnace surrounded the entire setup in order to apply heat.  

 

Figure 3.3. Bespoke SPC setup a) schematic illustration [151] b) completed test setup.  

 

3.2.8 Small Punch Tensile Setup 

 

 Small Punch Tensile (SPT) testing was applied to a variety of LPBF variants for both 

CM247LC and IN718, where testing was conducted at both room and elevated temperatures. Specimens 

were prepared in accordance with ASTM E3205-20 [131] as detailed in Section 3.22 and 

circumferentially clamped in a bespoke jig assembly developed at Swansea University [168], where the 

specimen was circumferentially clamped between an upper and lower die which comprised of a circular 

aperture of Ø4mm. The circumferentially clamped specimen was then encased in a cylindrical housing 

block and grub screw, in order to ensure central axial alignment of the disc to the testing frame’s cross 

head and loading collar. From there, a Ø2.5mm hemispherical Nimonic-90 punch head was introduced 

perpendicularly to the specimen alongside a pin pusher and vertically aligned with respect to the testing 

frame. An overall representation of this jig assembly is illustrated in Figure 3.4, where it’s relation to 
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the general testing frame and loading collar is illustrated in Figure 3.5. In order to monitor test 

temperatures, an N-type thermocouple was introduced to the bottom face of the disc through a hollow 

SiO2 quartz rod and placed in contact with the bottom face of the disc to monitor test temperature. 

Temperature tolerances of ± 3oC were maintained throughout all SPT tests. Additionally, this quartz 

rod was in contact with an LVDT in order to monitor deflection from the bottom face of the disc. A 

second LVDT was located within the testing frame’s cross head, from which displacement values were 

recorded. A dual-zone split furnace encapsulated the test set up to apply temperature.  

 

Figure 3.4. Bespoke SPT jig assembly apparatus developed at Swansea University [168].  

 

Figure 3.5. SPT setup a) Zwick / Roell Z5.0 hydraulic testing frame, b) quartz rod and c) loading 

collar introduced to pin punch during high temperature test. 

 

 A wide range of equipment has been utilised in this study in order to effectively characterise 

the microstructural features and mechanical properties inherent to differing LPBF process variants. The 

following section will detail each respective individual work package for both alloys, which will include 

the material supplied by Rolls-Royce plc., the sectioning and sample extraction from the fabricated 

material implemented within this study and the methodologies employed to characterise them, both 

mechanically and microstructurally.  
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3.3 Small Scale Testing & Microstructural Characterisation of CM247LC 

 

 A series of LPBF variants of CM247LC were fabricated within this section with changes in 

build orientation and parameter sets being considered. 28 coupons were manufactured, with 14 

iterations of 30o orientations comprising of 5 differing parameter sets, the distinctions of which will be 

outlined later. Parameter Set 1 was fabricated 6 times, with Parameter Sets 2-5 being fabricated twice.   

The remaining 14 coupons comprised of the same make up to the 30° orientations mentioned, but with 

a 90o build orientation imposed. An overall representation of this can be seen in Figure 3.6, where a 

CAD schematic recreated from pictures of the fabricated architecture is shown. The coupons were 

removed from the build plate by Rolls-Royce plc. using electrical discharge machining (EDM), and 

provided in Ø9.5mm discs extracted from the distinct locations on each coupon as shown in Figure 3.7.  

The top disc was subject to a series of hot isostatic pressing (HIP) and heat treatment (HT) procedures 

as will be discussed and provided for mechanical testing and analysis.  

 

Figure 3.6. Recreated CAD schematic of 30° and 90° coupons fabricated within this work package. 

 

 

Figure 3.7. Sampling of SP specimens from LPBF CM247LC coupon architectures. 
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As mentioned, 5 parameter sets were employed in this work package for each 

respective orientation. These parameter sets were designed and based off of the small 

processing window for CM247LC, highlighted in the normalised process map as discussed in 

Section 2.3.3, and incorporated changes in beam settings and the hatch spacing. Diagonal 

isopleths were utilised in order to indicate varying degrees of equivalent energy densities. An 

overall representation of the normalised process parameter sets is shown in Figure 3.8, with the 

parameter conditions summarised in Table 3.6. 

 

 

Figure 3.8. Parameter selection from within the normalised process window.  

 

Table 3.6. Parameter set summary with regards to normalised beam settings, hatch spacing and 

equivalent energy density.  

 

Parameter Set q*/(v*.l*) 1/h* E* 

1 Medium Medium Medium 

2 High High High 

3 Low Low Low 

4 High Low Medium 

5 Low High Medium 
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 The post processing conditions employed as outlined previously were based on an optimised 

post processing procedure provided by Canon-Muskegon for directionally solidified CM247LC which 

was subsequently published by Erickson et al [169], which comprised of 3 primary stages. An initial 

bespoke low temperature HIPing stage at 1220°C, 143MPa was employed for 2 hours, followed by a 

solution heat treatment conducted at 1250°C for 4 hours, which was proceeded with an 870oC ageing 

treatment over 16 hours. An overall representation and summary of this process is showcased below in 

Figure 3.9 and detailed in Table 3.7. 

 

Figure 3.9. Post processing routes employed on LPBF CM247LC variants within this work package. 

Table 3.7. Processing conditions for each stage of post processing route.  

Stage Processing Route Temperature (oC) Pressure (MPa) Time (Hours) 

I HIPing 1220 143 2 

II Solution HT 1250 - 4 

III Aging HT 870 - 16 

 

The Ø9.5mm discs extracted previously were ground from 2.4mm thickness to 0.5mm ± 

0.005mm in according with ASTM E3205-20 [131] using the methodology outlined in Section 3.22 and 

subject to SPC, as detailed in Section 3.27. A summary of the samples tested and the testing matrix 

employed are provided below in Table 3.8. Given the nature of the grinding procedure detailed and the 

fine tolerances imposed by ASTM E3205-20 [131], some specimens were over ground and out of 

specification for testing. Post rupture, the specimens were cleaned for fractography in an ultrasonic bath 

and imaged using electron microscopy. Following this, the samples were mounted upside down in a 

conductive phenolic mounting resin with the circumferentially clamped region of the disc exposed for 

the preparation procedures and chemical etching procedures outlined in Section 3.21.  They were 

imaged and analysed using electron microscopy, EDS and EBSD. 
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Table 3.8. Testing conditions employed during SPC testing and results explored in this study. 

Specimen ID Temperature (°C) Load (N) Comments 

30°, Parameter Set 1, Build 1 950 150  

30°, Parameter Set 1, Build 2 950 150  

30°, Parameter Set 1, Build 3 950 150  

30°, Parameter Set 1, Build 4 950 150 Void Test 

30°, Parameter Set 1, Build 5 950 150  

30°, Parameter Set 1, Build 6 950 150  

30°, Parameter Set 2, Build 1 950 150 Ground too thin. 

30°, Parameter Set 2, Build 2 950 150  

30°, Parameter Set 3, Build 1 950 150  

30°, Parameter Set 3, Build 2 950 150  

30°, Parameter Set 4, Build 1 950 150  

30°, Parameter Set 5, Build 1 950 150  

30°, Parameter Set 5, Build 2 950 150  

90°, Parameter Set 1, Build 1 950 150  

90°, Parameter Set 1, Build 2 950 150  

90°, Parameter Set 1, Build 3 950 150 Argon loss during cool down. 

90°, Parameter Set 1, Build 4 950 150  

90°, Parameter Set 1, Build 5 950 150  

90°, Parameter Set 1, Build 6 950 150  

90°, Parameter Set 2, Build 1 950 150  

90°, Parameter Set 2, Build 2 950 150 Ground too thin. 

90°, Parameter Set 3, Build 1 950 150 Ground too thin. 

90°, Parameter Set 3, Build 2 950 150  

90°, Parameter Set 4, Build 1 950 150 Ground too thin. 

90°, Parameter Set 4, Build 2 950 150  

90°, Parameter Set 5, Build 1 950 150 Void Test 

90°, Parameter Set 5, Build 2 950 150  
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3.4 Melt Track and Defect Analysis in CM247LC 

 

In this section, 2 separate builds comprising of 24 LPBF variants of CM247LC were fabricated. 

The first build produced samples in cubic form with an underpinning pyramid support structure. The 

process parameters incorporated changes in normalised beam speed, hatch spacing, power and energy 

density as outlined in Table 3.9. This build was left to remain in the as-built (AB) condition. The second 

build comprised of the same back to back LPBF variants in rod form, which were subjected to HIPing 

treatment on the build plate, utilising the same process conditions employed in the previous work 

package (1220°C, 143MPa for 2 hours). Overall CAD schematics of these builds including trimetric 

and top plane views are illustrated in Figure 3.10.  

 

Table 3.9. Linearly normalised parameter sets employed for both cube and rod manufacture. 

Sample ID Speed Hatch Spacing Power E* 

1 0.51 2 1 0.98 

2 0.51 2 1 0.98 

3 0.40 2 1 1.25 

4 0.40 2 1 1.25 

5 0.31 2 1 1.61 

6 0.31 2 1 1.61 

7 0.65 2 2 1.54 

8 0.65 2 2 1.54 

9 0.51 2 2 1.96 

10 0.51 2 2 1.96 

11 0.41 2 2 2.44 

12 0.41 2 2 2.44 

13 0.83 2 3 1.81 

14 0.83 2 3 1.81 

15 0.65 2 3 2.31 

16 0.65 2 3 2.31 

17 0.52 2 3 2.88 

18 0.52 2 3 2.88 

19 1.00 2 4 2.00 

20 1.00 2 4 2.00 

21 0.81 2 4 2.47 

22 0.81 2 4 2.47 

23 0.63 2 4 3.17 

24 0.63 2 4 3.17 
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Figure 3.10. CAD schematics of cubes fabricated a) trimetric view b) top plane view, and rods 

fabricated c) trimetric view and d) top plane view (provided by Rolls-Royce plc.). 

 

 The AB cubes were removed from the build plate using a hammer and chisel at the base of the 

support structure, and were sectioned in 2 manners as illustrated in Figure 3.11 using the Struers 

Secotom-10 precision cutter with an Aluminum Oxide cutting wheel. The first sectioning was applied 

perpendicular to and above the pyramid support structure, the offcut of which was used for defect 

analysis as will be discussed. The second sectioning procedure was taken perpendicular to the scanning 

lines to reveal melt track profiles. Both offcuts were mounted in Bakelite with their faces revealed and 

subjected to the polishing and chemical etching procedures outlined for CM247LC in Section 3.21. The 

cut intended for defect analysis was repolished using step 4 after the chemical etch as previously 

discussed.  

 

 

Figure 3.11. Sectioning methodology for the LPBF AB cubes.  
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As mentioned in Section 3.23, stitched optical microscopy using the ZEISS Smartzoom 5 was 

conducted on these polished samples in order to facilitate defect analysis using ImageJ, where an initial 

measurement coinciding with the optical microscope’s scale bar is taken in order to set a scaling 

measurement and correlate distance to pixels. From there, an overlaid square was employed on the 

materials cross section to exclude the material’s edges and any boundaries between the material and 

mounting resin as shown in Figure 3.12a. The image was then converted to a 32-bit type image and 

thresholded to represent the defects presiding within the material, with examples demonstrated in 

Figures 3.12b & c. The analysis particle function was employed with the sizing limit set to 2μm2 - ∞, 

with raw data being generated for statistical analysis. The data was split in order to approximately 

differentiate between porosity and alternative defects, with a circularity of 0.5 being considered the 

determinative criteria, where data with a circularity ≥ 0.5 was considered porosity and data with a 

circularity of < 0.5 was considered as an alternative defect. In CM247LC, the alternative defects 

manifested predominantly appeared to be in the form of microcracking and is therefore referred to as 

such. Quantitative criterion such as percentage area, feature count and average feature size were 

evaluated and correlated to parameter selection. 

 

 

Figure 3.12. ImageJ data analysis example a) ZEISS Smartzoom 5 stitched optical micrograph of an 

LPBF CM247LC variant, b) thresholding setup and c) examples of threshold to reveal and represent 

density related issues.   

 

The second cuts that were mounted, polished and chemically etched were utilised to 

quantitatively assess melt pool profiles. A series of images were taken across the top layer of the 

material in order to capture these melt pools for each respective variant and were analysed using ImageJ. 

Once again, an initial measurement was taken with the corresponding scale bar in order to set a scaling 
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and relate distance to pixels. From there, manual measurements for both track height and width were 

taken using the methodology demonstrated in Figure 3.13, where for track height, measurements were 

taken from the minimum point of the melt track’s circumference to the surface of the material. For track 

width, a vertical line was considered from the minimum point of the solidified melt pool to the 

material’s surface, and the distance from this line perpendicularly to where the melt pool’s 

circumference intersected the material’s surface was measured. This measurement was doubled with 

the assumption that the tracks consisted of a uniform geometry. For all variants considered in the 

analysis, a region of 50-70 melt track measurements for both height and width were taken, and were 

correlated against parameter selection.   

 

 

Figure 3.13. Methodology applied for measuring melt track height and width on a LPBF CM247LC 

variant. 

 

 The HIPed rods (Ø1.5cm, 4cm height) were provided on build plates sectioned post HIP by 

Rolls-Royce plc., with variants displaying varying degrees of macrocracking consequent to HIPing. 

Optical microscopy images were taken from a top and side view, where measurements were conducted 

using ImageJ for the macrocracking evident as depicted in Figure 3.14. A single measurement was taken 

for crack depth alongside 5 measurements for crack width which were consequently averaged, the 

values of which were related to parameter deposition. Post measurement, 7 parameter variants were 

selected for furthered analysis through SPT, as will be discussed.  
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Figure 3.14. Methodology applied for measuring the apparent macrocracking in the HIPed rods, a) 

crack depth, b) average crack width. 

 

7 parameter variant’s rods (samples 1, 3, 5, 9, 18, 19 & 23) were selected which consisted of 

low, medium and high variations in normalised beam speed, beam power and energy density. These 

rod’s diameters were turned down using a Sealey SM27 Metalworking Lathe from 15mm to 9.5mm 

diameters and sectioned perpendicularly to the build direction at 1.5cm off the base plate in order to 

sample SP specimens as shown in Figure 3.15. Several cuts were made using the Struers Secotom-10 

precision cutter with an Aluminum Oxide cutting wheel in order to sample 3 SP discs, which were 

subsequently run through the SP specimen preparation procedures outlined in Section 3.22. The bottom 

two discs were used for SPT as described in Section 3.28, where the bottom disc was utilised for room 

temperature SPT and the middle disc for high temperature SPT. These test conditions are summarised 

in Table 3.10.  The top disc was used for SPC testing as described in Section 3.27 with the testing 

conditions employed showcased in Table 3.11. 

 

 

Figure 3.15. Sampling methodology for SP discs from HIPed CM247LC rods (not drawn to scale).  
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Table 3.10. Testing conditions employed during SPT testing. 

Specimen ID Temperature (°C) 
Displacement Rate (mm.min-

1) 
Comments 

SPT01 RT 0.5 None. 

SPT03 RT 0.5 None. 

SPT05 RT 0.5 None. 

SPT09 RT 0.5 None. 

SPT18 RT 0.5 None. 

SPT19 RT 0.5 None. 

SPT23 RT 0.5 None. 

SPD01 950 0.5 
Cracked prematurely during 

circumferential clamping. 

SPD03 950 0.5 None. 

SPD05 950 0.5 None. 

SPD09 950 0.5 None. 

SPD18 950 0.5 None. 

SPD19 950 0.5 None. 

SPD23 950 0.5 None. 

 

 

Table 3.11. Testing conditions employed during SPC testing. 

Specimen ID Temperature (°C) Load (N) Comments 

SPC01 950 150 
SP sample displayed signs of 

cracking pre clamping. 

SPC03 950 150 None. 

SPC05 950 150 None. 

SPC09 950 150 None. 

SPC18 950 150 None. 

SPC19 950 150 None. 

SPC23 950 150 None. 
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3.5 Small Scale Testing & Microstructural Characterisation of IN718 

 

A series of LPBF variants of IN718 were manufactured within this section with changes in 

build orientation and parameter sets once again being considered. 22 thin plate architectures were 

manufactured in line with the original build schematic shown Figure 3.16, 6 of which were built with a 

30° orientation comprising of 2 distinct parameter sets, which were repeatedly built 3 times each. It is 

important to note that 4 of the 30° builds shown in the original CAD schematic were discontinued 

consequent to fabrication issues, as highlighted in the top plane view represented in Figure 3.16b. The 

remaining 16 thin plate architectures were manufactured in the 90° orientation, comprising of 5 separate 

parameter sets, of which the first 3 consisted of changes in energy density. The remaining 2 parameter 

sets consisted of undisclosed ‘baseline’ parameter sets for IN718 and CM247LC. An overall summary 

of the parameter sets incorporated in this work package is represented in Table 3.12. 

 

 

Figure 3.16. CAD schematics of thin plate architectures fabricated a) trimetric view b) top plane view 

with discontinued variants marked (provided by Rolls-Royce plc.). 

 

Table 3.12. Parameter set summary with regards to equivalent energy density. 

Parameter Set E* Number of Builds 

1 Medium 2 

2 High 4 

3 Low 4 

IN718 ‘Baseline’ Undisclosed. 3 

CM247LC ‘Baseline’ Undisclosed. 3 



103 

 

Once received, the thin plate architectures were removed from the build plate and two Ø9.5mm 

discs were extracted from each plate as represented in Figure 3.17 using EDM. Both specimens for each 

variant were prepared using the metallurgical procedures for SP disc preparation as outlined in Section 

3.22, where they were ground from a thickness of 2.4mm to 0.5mm ± 0.005mm in accordance with the 

tolerances dictated by ASTM E3205-20 [131]. The top discs sectioned from each variant were subject 

to SPC testing, the procedures of which were detailed in Section 3.27 and the testing conditions 

employed shown in Table 3.13. The bottom discs were subject to high temperature SPT testing, the 

procedures for which are described in Section 3.28 and the testing conditions applied showcased in 

Table 3.14.  

 

Post-test completion, the fractured specimens were cleaned using an ultrasonic bath and imaged 

using SEM for fractography analysis. Following fractography, they were mounted upside down with 

the circumferentially clamped region of material exposed for hot mounting. These samples were 

mounted in a conductive phenolic mounting resin and subject to the metallographic grinding, polishing 

and etching procedures designated to IN718 indicated in Section 3.21. They were subsequently 

characterised using electron microscopy, EDS and EBSD.  

 

 

Figure 3.17. Sampling of SP specimens from LPBF IN718 thin plate architectures. 
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Table 3.13. Testing conditions employed during SPC testing of LPBF IN718 variants. 

Specimen ID Temperature (°C) Load (N) Comments 

30o, Parameter Set 1, Build 1 650 500 Void Test 

30o, Parameter Set 1, Build 2 650 500 Void Test 

30o, Parameter Set 1, Build 3 650 500 None. 

30o, Parameter Set 3, Build 1 650 500 None. 

30o, Parameter Set 3, Build 2 650 500 None. 

30o, Parameter Set 3, Build 3 650 500 None. 

90o, Parameter Set 1, Build 1 650 500 None. 

90o, Parameter Set 1, Build 2 650 500 None. 

90o, Parameter Set 2, Build 1 650 500 None. 

90o, Parameter Set 2, Build 2 650 500 None. 

90o, Parameter Set 2, Build 3 650 500 None. 

90o, Parameter Set 2, Build 4 650 500 None. 

90o, Parameter Set 3, Build 1 650 500 None. 

90o, Parameter Set 3, Build 2 650 500 None. 

90o, Parameter Set 3, Build 3 650 500 None. 

90o, Parameter Set 3, Build 4 650 500 None. 

90o, IN718 Baseline, Build 1 650 500 None. 

90o, IN718 Baseline, Build 2 650 500 None. 

90o, IN718 Baseline, Build 3 650 500 None. 

90o, CM247LC Baseline, Build 1 650 500 None. 

90o, CM247LC Baseline, Build 2 650 500 None. 

90o, CM247LC Baseline, Build 3 650 500 None. 
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Table 3.14. Testing conditions employed during SPT testing of LPBF IN718 variants. 

Specimen ID 
Temperature 

(°C) 

Displacement Rate 

(mm.min-1) 
Comments 

30o, Parameter Set 1, Build 1 650 0.5 None. 

30o, Parameter Set 1, Build 2 650 0.5 None. 

30o, Parameter Set 1, Build 3 650 0.5 None. 

30o, Parameter Set 3, Build 1 650 0.5 None. 

30o, Parameter Set 3, Build 2 650 0.5 None. 

30o, Parameter Set 3, Build 3 650 0.5 None. 

90o, Parameter Set 1, Build 1 650 0.5 None. 

90o, Parameter Set 1, Build 2 650 0.5 Void Test. 

90o, Parameter Set 2, Build 1 650 0.5 None. 

90o, Parameter Set 2, Build 2 650 0.5 None. 

90o, Parameter Set 2, Build 3 650 0.5 None. 

90o, Parameter Set 2, Build 4 650 0.5 None. 

90o, Parameter Set 3, Build 1 650 0.5 None. 

90o, Parameter Set 3, Build 2 650 0.5 None. 

90o, Parameter Set 3, Build 3 650 0.5 None. 

90o, Parameter Set 3, Build 4 650 0.5 None. 

90o, IN718 Baseline, Build 1 650 0.5 None. 

90o, IN718 Baseline, Build 2 650 0.5 Void Test. 

90o, IN718 Baseline, Build 3 650 0.5 Void Test. 

90o, CM247LC Baseline, Build 1 650 0.5 None. 

90o, CM247LC Baseline, Build 2 650 0.5 None. 

90o, CM247LC Baseline, Build 3 650 0.5 None. 
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3.6 Melt Track and Defect Analysis in IN718  

 

 In this work package, a build comprising of 24 LPBF variants of CM247LC were fabricated in 

the form of cubes with an upside pyramid support structure as shown in the CAD schematics presented 

in Figure 3.18. These variants comprised of the same changes in linearly normalised beam speed, power 

and energy density employed in Section 3.4, with an overall summary shown in Table 3.15. These cubes 

were removed from the build plate using a hammer and chisel at the base of the support plate and 

sectioned in the same manner as depicted in Figure 3.11, where one cut was made perpendicular to the 

pyramid support structure for defect analysis and the other perpendicular to the scanning lines for melt 

track profiling. These cuts were made using the Struers Secotom-10 precision cutter with an Aluminum 

Oxide cutting wheel.   

 

Table 3.15. Linearly normalised parameter sets employed within this DOE. 

Sample ID Speed Hatch Spacing Power E* 

1 0.51 2 1 0.98 

2 0.51 2 1 0.98 

3 0.40 2 1 1.25 

4 0.40 2 1 1.25 

5 0.31 2 1 1.61 

6 0.31 2 1 1.61 

7 0.65 2 2 1.54 

8 0.65 2 2 1.54 

9 0.51 2 2 1.96 

10 0.51 2 2 1.96 

11 0.41 2 2 2.44 

12 0.41 2 2 2.44 

13 0.83 2 3 1.81 

14 0.83 2 3 1.81 

15 0.65 2 3 2.31 

16 0.65 2 3 2.31 

17 0.52 2 3 2.88 

18 0.52 2 3 2.88 

19 1.00 2 4 2.00 

20 1.00 2 4 2.00 

21 0.81 2 4 2.47 

22 0.81 2 4 2.47 

23 0.63 2 4 3.17 

24 0.63 2 4 3.17 



107 

 

 

Figure 3.18. CAD schematics of cubes fabricated a) trimetric view and b) top plane view (provided by 

Rolls-Royce plc.). 

The two sectioned regions of material were hot mounted using a conductive phenolic resin 

and ran through the series of metallurgical grinding and polishing procedures for IN718 outlined in 

Section 3.21. It is important to note that the cut intended for defect analysis was subjected to a repolish 

post chemical etching using step 4 as mentioned previously. Stitched optical microscopy using the 

ZEISS Axio Observer was employed at 200x magnification for the same ImageJ analysis employed 

previously. An initial measurement was taken corresponding with the scale bar present in order to relate 

distance measurements to pixels. From there, an overlaid square was applied to the region of interest, 

removing the edges and boundaries of the sample. The image was converted to a 32-bit type image to 

heighten contrast and the disparities in material discontinues to bulk material, where the image was 

thresholded to approximate and represent the density related features presiding. Post thresholding, the 

analyse particle function was employed with a sizing limit of 2μm2 - ∞, with raw data once again being 

generated and split to distinguish between porosity and other defects. All defects with a circularity ≥ 

0.5 was considered porosity and < 0.5 other defects. In IN718, the other defects apparent seemed to be 

predominantly in the form of lack of fusion related features and as such are often referred to as lack of 

fusion related defects. An example of the overall ImageJ analysis setup for the Zeiss Axio Observer 

stitched imaging is shown in Figure 3.19. Numerical criterion such as percentage area, feature count 

and average feature size were once again considered and correlated to parameter deposition within this 

DOE. 

 

For the second cuts, a collection of images was taken across the top layer of each variant. 

These images were analysed using ImageJ, where scaling was once again set to correlate distance 

measurements to pixel count. Manual melt track measurements were taken for both height and width 

across the collection of images with the same methodology previously utilised in section 3.4 as 

illustrated in Figure 3.20. Melt track height measurements were taken from the minimum point within 

the melt pool to the surface of the material, whereas half width measurements were taken 

perpendicularly from a vertical line corresponding with the minimum point of the material to where the 
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melt pool’s circumference intersects the materials surface. These values were doubled to correspond to 

track width on the assumption that the melt pool’s profiles were uniform. For all variants within this 

work package, a minimum of 50 melt track measurements were taken, which were subsequently 

correlated against the parameter selection employed within this DOE.  

 

 

Figure 3.19. ImageJ data analysis example a) Zeiss Axio Observer stitched optical micrograph of a 

LPBF IN718 variant, b) thresholding setup and c) resulting thresholding contrast. 

 

 

Figure 3.20.  Methodology applied for measuring melt track height and width on a LPBF IN718 

variant. 

 

The following chapters will present the experimental findings and detailed results for each respective 

work package outlined in this chapter. 
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Chapter 4 – Small Scale Testing & Microstructural Characterisation of 

CM247LC 
 

4.1 The Influence of Build Orientation on Small Punch Creep Performance 

 

A series of SP creep results were amassed across multiple LPBF CM247LC variants with 

differing build orientations and parameter sets. The initial outlook was to ascertain the impact that build 

orientation exhibited on the material’s resistance to high temperature mechanical deformation 

mechanisms such as creep. As illustrated in Figure 4.1 and Table 4.1, it was apparent that build 

orientation plays a significant role on creep deformation, with the 30o build orientation variants 

experiencing rupture considerably sooner (1.8 - 3.3 hours) than that of the 90o build orientations (21.5 

- 59.2 hours). The explanatory reasons for these differences in behaviour become evident when 

examining the microstructure as shown in Figure 4.2, where the intrinsic epitaxial nature of ALM as 

previously discussed in Section 2.3.4 is further highlighted. Given the sectioning methodology, 30o 

build orientations consist of an equiaxed microstructure contrasting that of the columnar grain structure 

observed in 90o build orientations. Grain size measurements were conducted using EBSD grain 

mapping as displayed in Table 4.2, where both the average grain sizes and number of grains analysed 

highlight the fine to coarse grained extremities for each of the two orientations. As such, 30o build 

orientations inherently exhibit a higher volume fraction of grain boundaries and given creep 

deformation is a grain boundary initiated and dominated mechanism, is subject to substantially higher 

minimum displacement rates (0.135 – 0.214mm.hr-1) than that of the 90o builds (0.019 – 0.045mm.hr-

1). 

 

Figure 4.1. SPC results of 30o and 90o LPBF builds for Parameter Set 1 at 950oC, 150N load. 
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Table 4.1. Time to Rupture and Minimum Displacement Rate data for SPC tests conducted on 30o and 

90o LPBF builds for Parameter Set 1. 

 

 

Figure 4.2. EBSD grain mapping using the elliptical fit method for a) 30o, Parameter Set 1, Build 1 

and b) 90o, Parameter Set 1, Build 1. 

 

 

Sample Time to Rupture [Hours] MDR [mm.hr-1] 

90o, Parameter Set 1, Build 1 21.5 0.045 

90o, Parameter Set 1, Build 2 30.5 0.027 

90o, Parameter Set 1, Build 3 59.2 0.019 

90o, Parameter Set 1, Build 4 39.7 0.026 

90o, Parameter Set 1, Build 5 46.0 0.020 

90o, Parameter Set 1, Build 6 42.8 0.024 

30o, Parameter Set 1, Build 1 3.3 0.135 

30o, Parameter Set 1, Build 2 2.2 0.169 

30o, Parameter Set 1, Build 3 3.0 0.128 

30o, Parameter Set 1, Build 4 - - 

30o, Parameter Set 1, Build 5 1.8 0.199 

30o, Parameter Set 1, Build 6 2.6 0.214 
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Table 4.2. Grain size measurements calculated from EBSD grain mapping of CM247LC variants.  

Sample Average Grain 

Area (µm2) 

Average Grain 

Aspect Ratio 

Average Grain 

Diameter (µm) 
Grain Count 

30o, Parameter Set 1, Build 1 313.09 1.90 10.31 615 

90o, Parameter Set 1, Build 1 660.36 3.08 14.64 290 

 

Despite the 30o build orientations performing extensively worse than the 90o build orientations, 

there appears to be a degree of variability for the 90o variants across builds 1-6. From a general 

microstructural perspective, the epitaxial grain growth mechanisms previously mentioned are 

consistently observed regardless of the build iteration as exemplified below in Figure 4.3. One 

explanation for this degree of variation is their inherent failure mechanisms. Given the evident equiaxed 

grain structures observed in the 30o build orientations, their geometric nature gives rise to ‘triple point’ 

or ‘wedge’ cracking as shown in Figure 4.4. These ‘triple point’ cracks are located at intergranular 

locations and can coalesce with similar intergranular cavities and features to act as a dominant 

catastrophic failure mechanism and thus explaining the consistency of poor performances with the little 

variability aforementioned. The 90o builds comparatively display grain boundary cohesion with little 

presence of material density related issues as illustrated in Figure 4.5 and as such the existence of 

catastrophic failure mechanisms is considerably less frequent. Consequently, the degree of variation in 

lifetimes witnessed in these 90o build orientations is likely to be attributed to the discrete localised 

testing nature of SP, where phenomena such as elastic heterogeneity arises. Given the small volume of 

material subjected to testing within SP, a localised region of material is subjected to testing and therefore 

may not give an accurate representation of the variant’s bulk properties. 

 



112 

 

 

Figure 4.3. 30o, Parameter Set 1, Build 6’s general microstructural observations displayed at a) low 

magnification b) higher magnification and 90o, Parameter Set 1, Build 6’s general microstructural 

observations observed at c) low magnification d) higher magnification. 

 

 

Figure 4.4. Triple point cracking and propagation within various 30o builds. 
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Figure 4.5.  Grain boundary cohesion and material density witnessed in 90o builds. 

 

In addition to the microstructural characterisation work carried out, fractographic analysis was 

conducted on all builds in order to help gauge an understanding as to the associated failure mechanisms 

discussed. It can be seen in Figures 4.6a & d, that the 30o build orientations rupture in a considerably 

more brittle manner to that of the 90o build orientations as seen with the emergence of ‘starfish’ radial 

cracking, where primary cracks emanate from the centre of the disc. This reflects the lack of ductility 

in the material, as the maximum principal stress remains in the central location of the disc, directly 

beneath the point at which the indenter is imparted. In a more ductile material, this stress would dissipate 

from this region according to the membrane stretching theory first proposed by Chakrabarty [150] and 

relates to the Von-Mises stress as failure, which would initiate from a location around the periphery of 

the punch head. Figures 4.6b & e highlight the prominence of intergranular cracking in relation to the 

directionality of grain growth within the disc, where it is self-evident that columnar grains align 

perpendicularly to the disc’s surface in the 30o orientation and parallel to the disc’s surface in the 90o 

orientation. Figures 4.6c & f further emphasise the intergranular manner of failure and showcases the 

existence of dimpled fracture surfaces, indicating that the fracture mechanisms observed are related to 

high temperature creep damage. The prevalence of features such as embrittled failures, intergranular 

cracking and dimpling is consistently seen regardless of the build iteration as shown in Figures 4.7 & 

4.8. It can also be observed that in the instances of 30o orientations, the severity of embrittlement can 

in some cases lead to the fracture of deformed ligaments within the imaging process as shown in Figures 

4.7a, b & d, giving a further insight into the materials lack of ductility. The only inconsistency noticed 

across the build iterations can be seen in Figure 4.8g, where the fracture surface appears to be covered 

with unusual features, as will be discussed later. 
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Figure 4.6. Low, medium and high magnification fractography for a) b) c) 30°, Parameter Set 1, Build 

1 and d) e) f) 90°, Parameter Set 1, Build 1. 

 

Figure 4.7. 30o, Parameter Set 1, a) f) Build 2, b) g) Build 3, c) h) Build 4, d) i) Build 5 and e) j) Build 

6. 

 

Figure 4.8. 90o, Parameter Set 1, a) f) Build 2, b) g) Build 3, c) h) Build 4, d) i) Build 5 and e) j) Build 

6. 
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As discussed, the 90o builds display a greater range of performance in comparison to the 30o 

builds and considering elastic heterogeneity was proposed as the primary attributing mechanism, a 

furthered microstructural understanding is required. Figure 4.9 compares and contrasts both the 

fractographic and microstructural features observed in 90o, parameter set 1, build 1 and build 3; i.e. the 

worst and best performing samples. The dissimilar fracture surfaces can be seen in Figures 4.9a and e, 

where there appears to be the presence of nickel oxides within build 3. This is unveiled in greater detail 

in Figure 4.10, where its blocky structure can be observed, and its chemical composition validated 

through EDS analysis as shown in Figure 4.11. This is likely to be consequent to the premature loss of 

argon during the post-test cool down period discussed in Section 3.3, where the initiation of an oxidation 

type mechanisms has occurred. Nevertheless, when further evaluated at lower magnifications, there 

does not seem to be any drastic or noticeable microstructural changes as depicted in Figures 4.9b & d. 

However, higher magnification imaging does appear to reveal some subtle intrinsic microstructural 

details such as the existence of grain boundary cavitation in build 1 as shown in Figure 4.9c, which can 

only further exacerbate the disparities in mechanical performance. The cause of this grain boundary 

cavitation will be discussed later in greater detail. Figure 4.9g does show the existence of gas entrapped 

porosity in build 3, however given it is situated within a conglomerate of gamma prime, it is unlikely 

to impact creep resistance.  

 

 

Figure 4.9. Fractographic and microstructural examinations of 90o, Parameter Set 1, Build 1 a) 

fracture surface b) low magnification microstructure c) higher magnification microstructure and Build 

3 e) fracture surface f) low magnification microstructure g) higher magnification microstructure. 



116 

 

 

Figure 4.10. Nickel oxides exhibited on 90o, parameter set 1, build 3s fracture surface. 

 

 

Figure 4.11. EDS analysis of the fracture surface of 90°, Parameter Set 1, Build 3 a) nickel, b) 

oxygen, c) carbon and d) EDS spectrum map. 
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In addition to general microscopy, EBSD analysis was also conducted on both build 1 and 3 as 

an alternate avenue in order to ascertain if there were any other underlying microstructural mechanisms 

that could not be revealed using standard microscopy techniques. Figures 4.12a & d showcase IPF Z 

maps with respect to arbitrary referencing points, giving an indication as to the macro textural behaviour 

within the material. It can be seen in both build 1 and 3 that there does not appear to be any discernible 

differences in textural development, where both microstructures appear to display a relatively uniform 

isotropic texture, with indications as to the initiation of texture being formed, as will be discussed later, 

comparative to alternate energy variants. Given the insignificant discrepancies between the two 

variants, it is reasonable to disregard its influence on the disparity in performance observed. 

Furthermore, localised average misorientation (LAM) mapping is represented in Figures 4.12b & e, 

where consistent characteristics are once again observed, particularly with respect to the presence of 

strain which appears to subside within grains in a linear fashion. There does appear to be a minor 

existence of strain accumulation along grain boundaries in build 3, for reasons which will also be 

explored with respect to changes in energy deposition. Figures 4.12c & d present recrystallisation 

fraction (RF) mapping, which to no surprise highlights similar behaviour with regards to the presence 

of substructure comparative to recrystallised material. This is to be expected given the existential 

relationship between recrystallisation and cooling rates, which are known to be significantly influenced 

by energy deposition [80] [170] and in this case, consistent given the same energy density being 

deployed. 

 

Schmid factor mapping was utilised as shown in Figure 4.13a & c, displaying the preferentiality 

of grains to the available slip systems in polycrystalline nickel-based superalloys ⟨110⟩ {111}. There 

appeared to be the coexistence of soft and hard grains in both variants, the majority of which neared a 

Schmid factor of 0.4, which is highly likely to slip under loading conditions and be accommodating to 

deformation mechanisms. Grain boundary angle (GBA) mapping is presented in Figures 4.13b & d, 

highlighting the consistently heightened existence of high angle grain boundaries (HAGB), which once 

more coincides with the lack of textural development shown previous. The overall mechanisms 

discussed will be examined further relative to changes in parameter deposition in the next section, 

providing context as to their influence on mechanical performance. These observations however 

highlight extremely similar characteristics that were observed between build 1 and build 3, subsequent 

to the similar processing conditions being employed. This provides further credence that the disparity 

in mechanical performance was driven by the presence of defects, elastic heterogeneity and natural 

statistical variation rather than significant microstructural changes.  
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Figure 4.12.  90°, Parameter Set 1, Build 1 a) IPF Z b) LAM c) RF mapping and 90°, Parameter Set 1, 

Build 3 d) IPF Z e) LAM f) RF mapping. 

 

 

Figure 4.13. 90°, Parameter Set 1, Build 1 a) Schmid Factor b) GBA mapping and 90°, Parameter Set 

1, Build 3 c) Schmid Factor d) GBA mapping. 
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A Monkman-Grant relationship was employed as shown in Figure 4.14, comparing time to 

rupture to the relative minimum displacement rate across all of the LPBF CM247LC variants tested. 

This included variations in both parameter set and post processing treatments, which will be discussed 

later in greater depth. It is evident that build orientation acts as the overriding dominant process variable 

despite the changes in parameter set and post processing route undertaken, given its substantial 

implications on the grain structure and morphology present. Despite this, a further understanding of 

alternate process variables is required in order to further refine and optimise the process within 

preferential build orientations.  

 

The following section, however, will look at the influence of process parameter sets from within 

the normalised process window discussed in Section 3.3, which primarily focuses on changes 

incorporated with regards to energy density and hatch spacing. Considering that SP discs have a 

thickness of 500µm ± 0.005µm, the influence of epitaxial grain growth in 30o build orientations is 

somewhat restricted and as such there is an emphasis on the microstructural evaluation of 90o build 

orientations given their larger discrepancy in performances.  

 

 

Figure 4.14. Monkman-Grant Relationships for all LPBF CM247LC builds SPC tested at 950oC, 

150N. 
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4.2 The Influence of Parameter Selection on Small Punch Creep Performance 

 

SPC tests were conducted on LPBF variants of differing parameter sets from different locations 

within the normalised process window, with variations in normalised energy density and normalised 

hatch spacing being considered. These results are displayed in Figure 4.15 and Table 4.3, where 

regardless of the parameter sets employed, the consistently poor performance for 30o build orientations 

(1.1 – 2.8 hours) continued to transpire given the dominant mechanisms previously reviewed. The same 

cannot be said for the 90o build orientations, where despite the similar range of performances (16.1 – 

56.9 hours) in comparison to the previously discussed build iterations of parameter set 1 (21.5 - 59.2 

hours), there appeared to be drastically different microstructural mechanisms that emerged consequent 

to these parameter-based changes; most of which appeared to manifest themselves predominately in the 

form of defects. A general microstructural overview of this is represented in Figure 4.16, where 

microstructures consequent to their parameter sets are displayed in relation to their position within the 

normalised process map.  

 

It appeared that there was a direct correlation between energy input and resistance to creep 

deformation, with the lowest energy parameter set displaying the greatest resistance to creep 

deformation (56.9 hours) and the highest energy parameter set showcasing the worst (16.1 hours). This 

can be attributed to the microstructural phenomena observed, where parameter set 3 (low E*) appeared 

to achieve a highly dense material with no noticeable existence of defects or material abnormalities as 

shown in Figure 4.16d. As energy increases towards the mid-range (parameter set 1), the emergence of 

grain boundary cavitation occurs as highlighted in Figure 4.16c, which can act as a stress raiser or crack 

initiation point and thus marked a decreased time to rupture (30.5 hours). As energy continued to 

increase towards the higher end of the process window as represented in parameter set 2, the tendency 

for intergranular cracking arises as shown in Figure 4.16b. These features were frequently observed 

with further cases being displayed in Figure 4.17. This is likely to be as of consequence to both 

cavitation coalescence and residual stressing mechanisms, where higher energies are likely to give rise 

to larger divergences in thermal expansion coefficients as will be interpreted through alternative 

techniques. The heightened prominence of cracking appears to be consistent with the literature 

previously discussed in Section 2.3.2 from Carter et al [91] [106].  Furthermore, Figures 4.16a & e 

display the general microstructural observations for both low and high normalised hatch spacing for 

equivalent energy densities in respect to parameter set 1. It can be seen in Figure 4.15 that both 

extremities (parameter sets 4 & 5) exceed the performance of their mid-tier counterpart, with no drastic 

density related features being apparent and a generally good grain boundary cohesion being observed. 

This is further highlighted as shown in Figure 4.18.  It should be noted that for these extremities, that 

parameter set 4 displayed a greater performance at 51.6 hours comparative to parameter set 5 at 34.7 

hours, for reasons which are likely down to statistical variance rather than microstructural phenomena. 
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Nevertheless, a furthered understanding through the incorporation of in-depth material characterisation 

methods such as EBSD analysis was required, as it could ascertain underpinning microstructural 

mechanisms not visible with traditional microscopy techniques.  

 

Figure 4.15. SPC tests at 950oC, 150N load for parameter variants across both 30o and 90o CM247LC 

LPBF builds. 

 

Table 4.3. Time to Rupture and Minimum Displacement Rate data for 30o and 90o LPBF CM47LC 

variants with differing process parameter sets from within the normalised process window.  

Sample Time to Rupture [Hours] Minimum Displacement Rate [mm.hr-1] 

30o, Parameter Set 1, HIPed/HT 2.2 0.169 

30o, Parameter Set 2, HIPed/HT 1.1 0.39 

30o, Parameter Set 3, HIPed/HT 2.8 0.14 

30o, Parameter Set 4, HIPed/HT 1.8 0.18 

30o, Parameter Set 5, HIPed/HT 5.6 0.05 

90o, Parameter Set 1, HIPed/HT 30.5 0.027 

90o, Parameter Set 2, HIPed/HT 16.1 0.041 

90o, Parameter Set 3, HIPed/HT 56.9 0.019 

90o, Parameter Set 4, HIPed/HT 51.6 0.012 

90o, Parameter Set 5, HIPed/HT 34.7 0.023 
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Figure 4.16. Microstructural observations of parameter sets in relation to their position within the 

normalised process window, a) Parameter Set 5, b) Parameter Set 2, c) Parameter Set 1, d) Parameter 

Set 3 and e) Parameter Set 4. 

 

 

Figure 4.17.  Intergranular cracking consequent to cavitation coalescence observed in 90o, Parameter 

Set 2, Build 1. 
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Figure 4.18. Grain boundary cohesion and lack of density related features witnessed in 90o, Parameter 

Sets a) 4 b) 5. 

 

Table 4.4. EBSD grain size measurements conducted across each CM247LC LPBF 90o parameter set. 

 

 

Figure 4.19. EBSD grain mapping of parameter sets in relation to their position within the normalised 

process window, a) Parameter Set 5, b) Parameter Set 2, c) Parameter Set 1, d) Parameter Set 3 and e) 

Parameter Set 4. 

Sample 
Average Grain 

Area (μm2) 

Average Grain 

Aspect Ratio 

Average Grain 

Diameter (μm) 
Grain Count 

90o, Parameter Set 1, HIPed/HT 660.36 3.08 14.64 290 

90o, Parameter Set 2, HIPed/HT 796.67 2.94 9.11 243 

90o, Parameter Set 3, HIPed/HT 538.23 2.56 8.93 351 

90o, Parameter Set 4, HIPed/HT 813.55 2.91 17.42 241 

90o, Parameter Set 5, HIPed/HT 835.59 2.51 19.87 236 
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 As mentioned, EBSD analysis was used to further the understanding of parameter set influence 

on both grain characteristics and their underpinning microstructural mechanisms. Grain size 

calculations were approximated as shown in Table 4.4 with respect to the grain contrast band maps 

showcased in Figure 4.19, where discrete changes in grain morphology and sizing can be observed. 

When considering energy density’s influence, there appears to be a general coarsening behaviour 

observed with increasing energy input, where low energy variants display an average grain size of 

538.23μm2, medium energy variants 660.36μm2, and high energy variants 796.67μm2. These grain sizes 

inherently influence grain count given the respective area considered remains consistent, and are 

innately tied to the implications of energy density on cooling rate where higher energies are 

subsequently expected to lead to larger melt pool volumes which will intrinsically cool slower. 

Although the grain sizes displayed appear to contrast the creep performances displayed within this DOE 

despite the mechanisms discussed, it is important to note the propensity for defect formation associated 

with these parameter inputs which appear to dominate failure mechanisms. Bearing this in mind, the 

utilisation of a variety of mapping techniques in order to ascertain the underpinning mechanisms which 

promote cavitation formation and coalescence was considered.   

 

 Figure 4.20 showcases a variety of mapping techniques employed on both extremities of the 

process window with regards to energy density. Figures 4.20a & d highlight the evolution of texture 

consequent to increasing energy input, where a fairly uniform texture was observed in the low energy 

variant and textural development preferential to (101) was displayed in the high energy variant, which 

is most likely attributed to the extended cooling rate subsequent to higher energy inputs, thus aiding 

time dependent processes. Figures 4.20b & e showcase LAM maps of both variants, where a significant 

contrast in behaviour is apparent. Given the heightened existence of residual stressing present in 

additive processes consequent to the rapid onset of cooling as discussed in Section 2.3.5, strain 

accumulation is expected to be highly present in both variants. However, there appears to be a change 

in behaviour with regards to the locational presence of this strain accumulation, where it appears to 

primarily subside within grains in lower energy variants and is predominately situated along grain 

boundaries in high energy variants. This is most likely consequent to the contrasting behaviour in the 

cooling mechanics that melt pools of different sizes display, where smaller melt pools are more likely 

to cool not only faster but in a more uniform manner. In contrast, larger melt pools will innately cool 

slower, but given the heightened presence of melt pool circumferences being exposed to cooler regions 

of bulk material, will lead to greater non-uniformities in cooling rates. These discrepancies in cooling 

rates can give rise to mismatches in thermal expansion coefficients and thus amplify tensile loading 

which would principally manifest itself in the form of strain accumulation along grain boundaries, 

which in CM247LC’s case appears to promote the onset of the existence of grain boundary cavitation 

and solidification cracking. Figures 4.20c & f showcase recrystallisation fraction mapping, where there 

doesn’t appear to be a significant change in the volume fraction of recrystallised material evident, but 
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the recrystallised material existent in the higher energy variant appears to conform and elongate with 

the material consequent to the directional heat flow.   

 

 Furthermore, Figures 4.21a & c showcase Schmid factor maps highlighting the preference of 

grains to available slip systems in polycrystalline nickel-based superalloys ⟨110⟩ {111}, where the 

grains present in the higher energy variant seemingly showcase a slightly lower preference to slip, albeit 

still relatively favourable. This appears to coincide with the textural development observed in higher 

energy variants as previously discussed.  What’s more, Figures 4.21b & d illustrate the presence of 

grain boundary angles, where there appears to be a relatively uniform mixture of low and high angle 

grain boundaries. Although it would be expected that textural development would coincide with the 

presence of low angle grain boundaries (LAGB), it is important to consider two factors which may 

misrepresent this information. The first is that the fine region of material examined may not entirely 

represent the bulk material and the second being that it is difficult to ascertain the disparity in cooling 

rates given the ambiguity surrounding these parameter sets.  

 

 

Figure 4.20. 90o, Parameter Set 3, Build 1 a) IPF Z, b) LAM c) RF mapping and 90o, Parameter Set 2, 

Build 1 d) IPF Z, e) LAM and f) RF mapping. 
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Figure 4.21. 90o, Parameter Set 3, Build 1 a) Schmid Factor b) GBA and 90°, Parameter Set 2, Build 1 

c) Schmid Factor d) GBA mapping. 

 

 In addition to energy deposition, the influence of normalised hatch spacing in relation to 

equivalent energy density was analysed. There appears to be no significant change in textural evolution, 

strain accumulation, grains preferential to slip or grain boundary angles in relation to observations 

explored in parameter set 1. There was however a drastic change to recrystallisation volume fraction as 

shown in Figure 4.22, where both variants appeared to display larger regions of recrystalllised material 

which appeared to be relatively coarse. When comparatively relating this to the grain sizing calculations 

shown in Table 4.4, it becomes evident that coarsening behaviour is existential given the relatively large 

average grain sizes showcased, 813.55μm2 and 835.59μm2 respectively. When considering this in 

collaboration with the strong grain boundary cohesions previously observed, it becomes highly 

plausible that remelting processes are occurring subsequent to these changes in hatch spacing. 
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Figure 4.22. RF mapping of a) 90o, Parameter Set 4, Build 1 and b) 90o, Parameter Set 5, Build 1. 

 

In addition to microstructural examination, fractographic analysis was conducted across all 

parameter sets for both 30o and 90o builds as shown in Figures 4.23 and 4.24. The severely embrittled 

failures previously witnessed in Section 4.1 for 30o build orientations continue to transpire regardless 

of the parameter set employed, where ‘star-fish’ radial primary cracking, propagating from the centre 

of the disc, is consistently displayed as seen in Figures 4.23a-d. It is worth noting that the loss of material 

mentioned previously can continue to occur during the imaging process given the materials highly 

embrittled nature post testing. The lack of diversity in the morphologies of the fracture surfaces is to be 

expected given that these specimens failed in considerably similar time frames (1.1 – 5.6 hours) and 

were dominated by the anisotropic characteristics discussed such as triple point cracking. Nevertheless, 

the fracture surfaces shown in Figures 4.23e-h continue to showcase the epitaxial grain structures 

associated with ALM alongside intergranular cracking with similar features to uniaxial testing methods 

such as dimpling being beheld in Figure 4.25.  

 

Moreover, Figures 4.24a-d present low magnification imaging of the ruptured specimens for 

90o build orientation across all parameter sets. Although it is evident that the associated failures still 

occur in a brittle fashion, the level of embrittlement displayed continues to not be as substantial as that 

of the 30o builds respectively, with the initiation of unidirectional failures being somewhat evident. 

Figures 4.24e-h further highlight the presence of elongated grain structure and intergranular cracking 

and what’s more the eminence of secondary cracking around the periphery of the punch head. Moreover, 

given the mechanisms discussed, the incorporation of differing parameter sets does not appear to give 

rise to any substantial variation in the fractures displayed. Given this and the consistent presence of 

features such as facets and dimples observed at higher magnifications as shown in Figure 4.25, it 

becomes evident that there is not a change in failure mechanism rather just the time to rupture.  
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Figure 4.23. 30o builds with variations in Parameter Sets. a) e) 2, b) f) 3, c) g) 4 and d) h) 5 

fractography. 

 

 

Figure 4.24. 90o builds with variations in Parameter Sets. a) e) 2, b) f) 3, c) g) 4 and d) h) 5 

fractography. 

 

 

Figure 4.25. High magnification imaging of 30o, Parameter Set 3, build 1.  
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4.3 Summary 

 

Overall, build orientation was shown to be the dominant influencer of mechanical properties 

given the characteristics of epitaxial grain growth evident in additive processes and its implications on 

grain sizing, morphology and subsequently the number of catastrophic features such as triple point 

cracking. Considering this, process parameter selection appeared to bear little significance within 30o 

orientations given the dominating mechanisms presiding, but showed reasonable importance in the 90° 

orientations, particularly with regards to grain sizing, textural evolution and the propensity for defect 

formation consequent to melt pool mechanics. Given the existential relationship between energy 

deposition and melt pools discussed, a further understanding is required and as such, the need for a 

quantitative assessment as to the influence of process parameters on melt track sizing takes precedent, 

with considerations as to the presence of defects being taken into account. The following section will 

look to employ a robust statistical analysis on a collection of LPBF variants of differing normalised 

beam speeds, powers and energy densities, ascertaining individual and combined parameter influence 

on melt track height, width and LPBF CM247LC’s predisposition for defects, specifically 

microcracking and porosity.   
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Chapter 5 – A Quantitative Approach to Melt Track & Defect Analysis in 

CM247LC 

 
5.1 Melt Track Assessment of CM247LC Parameter Variants 

 

An assortment of 50-70 manual melt tracks measurements were taken across 24 LPBF 

CM247LC variants, with measurements recorded for both height and width to identify the influence of 

differing normalised beam speeds, powers and energy densities on melt pool geometry and furthermore, 

the propensity for defect formation. It is self-evident in Figure 5.1 that there is a clear correlation 

displayed between melt pool size and normalised beam speed, where higher speeds lead to finer track 

sizing, with track width displaying a greater sensitivity than that of track height irrespective of the power 

settings employed. This somewhat validates the use of energy density as a metric and can be further 

observed in the relationships shown in Figure 5.2, where it is generally witnessed that there is a directly 

inverse relationship between track size and increasing normalised beam power, with higher powers 

leading to a generally coarsened track size. However, it can be seen that when higher speeds and powers 

are utilised in conjunction, this relationship can cease to exist suggesting that there is a level of variance 

and scatter for data sets of certain parameters, the extent of which fails to be fully represented.  

 

The relationships discussed and revealed through this methodology can be given further 

credibility too through the microscopy presented in Figure 5.3, where (a, c & e) showcase the refinement 

of track sizes with increasing beam speed and conversely, (b, d and f) highlight the coarsening of track 

sizes consequent to increasing power input. Both of these trends further support and provide credence 

to the general use of energy density. Considering the aforementioned relationships observed, Figure 5.4 

presents the comparative relationship between normalised energy density and track size across all 24 

LPBF CM247LC variants. Despite there being a clear existential relationship between normalised 

energy density and track sizing, the degree of scatter present particularly with regards to melt track 

height can highlight the challenges associated with the characterisation of additive material, where 

energy density may not entirely capture melt pool physics in all instances. This highlights the need for 

further understanding, particularly with regards to the influence of process parameters on the 

consistency of the process.  
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Figure 5.1. Influence of normalised beam speed on melt track height and width over a range of 

employed power settings for LPBF CM247LC. 

 

 

Figure 5.2. Influence of normalised beam power on melt track height and width over a range of 

employed speed settings for LPBF CM247LC. 
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Figure 5.3. Microscopy of melt track profiles for a) c) e) increasing normalised beam speed and b) d) 

f) increasing normalised beam power. 

 

 

Figure 5.4.  Influence of normalised energy density on melt track height and width across all LPBF 

variants within this CM247LC DOE. 
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5.2 Defect Analysis of CM247LC Parameter Variants in the As-Built Condition 

 

In addition to melt track size, defect analysis was conducted over all CM247LC LPBF variants 

in order to gauge an understanding as to how process parameters influence the formation of porosity 

and other defects. As mentioned in Section 3.4, the other defects present appear to manifest themselves 

predominantly in the form of microcracking and will therefore often be referred to as such. The 

contrasting relationship between porosity and microcracking can be observed over a range of both speed 

and power settings as shown in Figures 5.5 & 5.7, coinciding to literature that suggests different 

mechanisms are present as discussed in Section 2.3.5. It can be seen in Figure 5.5, that as normalised 

beam speed increases, microcracking decreases irrespective of the power settings incorporated. It is 

hypothesised that this occurs consequent to the inherently lower energy inputs associated with higher 

beam speeds and thus a more uniform cooling rate is concurrent, minimising the generation of tensile 

loads and thus solidification cracking. The relationships portrayed using this methodology can be 

further validated with the use of high magnification stitched optical microscopy as shown in Figure 5.6, 

where the general observations of increased cracking at lower speeds can be seen, particularly in Figure 

5.6a comparative to c. The same correlations cannot be observed entirely for that of porosity, where 

high speeds and powers appear to give rise to an increase in porosity, which is most likely linked to 

melt pool turbulence. This contradicts lower speed and power inputs in conjunction, where there is a 

noted decrease which is most likely attributed to low levels of spatter or gas entrapment. These 

relationships seem to emphasise that there does not appear to be a strong link between parameter 

selection and porosity within this DOE, but it is unclear as to whether this is because not all the 

processing information has been made available. As such, this will be subject to further investigation 

through alternative means 

 

Considering the inverse relationship noted between speed and power as described previously, 

Figure 5.7 showcases similar characteristics. It can be seen that an increase in normalised beam power 

gives rise to microcracking irrespective of the beam speed settings incorporated, and it is again proposed 

that this is consequent to the inherently higher energy inputs and thus the development of steeper 

disparities in cooling rates across the melt pool. As discussed in Section 2.3.5, the ramifications of rapid 

cooling rates can give rise to heightened residual stressing which can typically manifest itself in the 

form of tensile loading if mismatches in contraction rate are apparent. This generation in tensile loading 

would aid the promotion of solidification cracking. The relationship between normalised beam power 

and microcracking is further substantiated in Figure 5.8, where high magnification stitched microscopy 

further illustrates the existence of microcracking in higher power samples as seen in Figure 5.8c, giving 

credence to the analytical methodology employed. As previously eluded too, there continues to be no 

direct link between parameter selection and porosity within this DOE. Finally, bearing in mind the 

relationships discussed, a comparison was drawn relating normalised energy density to the presence of 
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microcracking and porosity as shown in Figure 5.9. The existing trends give further standing to the 

behaviours deliberated, where there appears to be a direct relationship between increased normalised 

energy density and microcracking consequent to the mechanisms previously argued, once again 

supporting previously published literature [91] [106] [171]. These characteristics are given further 

credence in Figure 5.10, where a high volume of microcracking is exhibited in Figure 5.10c.  It again 

seems evident that there appears to be a non-uniform relationship between process parameters and 

porosity within this DOE, with a significant degree of scatter being observed suggesting alternative 

variables act as the primary influencer. As such, alternative criteria will be considered. 

 

Figure 5.5. Influence of normalised beam speed on the % area of porosity and other defects in LPBF 

CM247LC variants. 

 

Figure 5.6. Stitched high magnification optical microscopy of LPBF CM247LC samples of increasing 

normalised beam speed (left to right) with the same power input.  
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Figure 5.7. Influence of normalised beam power on the % area of porosity and other defects in LPBF 

CM247LC variants. 

 

 

Figure 5.8. Stitched high magnification optical microscopy of LPBF CM247LC samples of increasing 

normalised beam power (left to right) with the same speed input. 
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Figure 5.9. Influence of normalised energy density on the % area of porosity and other defects in 

LPBF CM247LC variants. 

 

 

Figure 5.10. Stitched high magnification optical microscopy of LPBF CM247LC samples of 

increasing normalised energy density (left to right). 
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One potential criticism for the figures discussed is whether or not the use of area percentage as 

a metric is entirely representative to the underlying mechanisms at hand. This could act as an 

explanatory factor in regard to the porosity measurements discussed, where low frequencies of large 

pores and high volumes of small pores would in theory give the same area percentage, despite there 

being the probable existence of differing mechanisms at play. As such, the use of alternative criteria 

such as feature count and average feature size has been explored, in order to provide further insight as 

to the relationships observed. It can be seen in Figure 5.11 that the general observations witnessed 

previously continue to ensue, where lower occurrences of microcracking arise as normalised beam 

speed increases. This additionally appears to be the case for porosity, but it is unclear at this point 

whether this is down to data scatter as the relationships observed appear to stagnate at higher power 

settings. Figure 5.12 once again showcases the inverse relationship between beam speed and power as 

discussed, where there appears to be a clear discernible trend for microcracking where normalised beam 

power increases, but a level of ambiguity continues to surround porosity. Finally, a comparison was 

drawn between feature count and normalised energy density as displayed in Figure 5.13. It continues to 

be evident that there is a direct relationship between increasing normalised energy density and 

microcracking for reasons already discussed, where it is reasonable to assume that the area percentage 

rises previously explored are consequent to the more frequent presence of microcracking shown. There 

again continues to appear to be no notable relationship between energy input and porosity, where a large 

degree of scatter is observed, once more suggesting that alternative variables act as the driving 

influencer.    

 

In addition to feature count, the influence of process parameters on the average size of said 

features was considered. It is shown in Figure 5.14 that the relationships discussed regarding 

microcracking once more become occurrent, where increases in normalised beam speed lead to a 

significant reduction in the average size of microcracking present. Considering that these results 

coincide with the previous metrics utilised, it is reasonable to conclude that an increase in normalised 

beam speed does lead to a reduction in the size, frequency and consequently the area percentage of 

microcracking within this DOE. Although it may appear that the average size of porosity is influenced 

by normalised beam speed, it is important to note that the existing disparities for porosity are 

substantially less than that of microcracking given the logarithmic scale. Figure 5.15 showcases the 

relationship between normalised beam power and the average size of features present, which once again 

coincides with the metrics previously discussed with a marked increase in microcracking.  These 

relationships give strong viability to the notion that increasing beam power gives rise to the presence of 

larger and more frequent microcracking for reasons explored previously, both of which inherently 

contribute to the larger area percentages previously observed. There does appear to be a distant 

relationship between process parameters and the average size of porosity once again. Considering the 

relationships discussed for normalised beam speed and power and their innate ties to energy density, a 
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look at the role normalised energy density plays on the average size of such features across all LPBF 

variants was examined as shown in Figure 5.16. There appears to be a significant relationship between 

increasing normalised energy density and the broadening of microcracking. When considering this in 

conjunction with the behaviours associated with changes in normalised beam speed and power, it 

becomes well established that increasing normalised energy density leads to the inclusion of larger and 

more frequent microcracking and thus the larger area percentage originally showcased.  The relationship 

to porosity continues to be unclear in which a large amount of scatter is once again observed in the mid 

region. When contemplating this in conjunction with the feature count and the obscurity of area 

percentage, there appears to be a reasonable indication that other variables act as the dominant 

influencer within this DOE. 

 

Figure 5.11. Influence of normalised beam speed on the count of porosity and other defects in the 

LPBF CM247LC variants within this DOE. 

 

Figure 5.12. Influence of normalised beam power on the count of porosity and other defects in the 

LPBF CM247LC variants within this DOE. 
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Figure 5.13. Influence of normalised energy density on the count of porosity and other defects in the 

LPBF CM247LC variants within this DOE. 

 

 

Figure 5.14. Influence of normalised beam speed on the average size of porosity and other defect 

features in the LPBF CM247LC variants within this DOE. 
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Figure 5.15. Influence of normalised beam power on the average size of porosity and other defect 

features in the LPBF CM247LC variants within this DOE. 

 

Figure 5.16. Influence of normalised energy density on the average size of porosity and other defect 

features in the LPBF CM247LC variants within this DOE. 
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5.3 The Apparent Macrocracking in HIPed Rod Parameter Variants 

 

In addition to defect analysis, a HIPing procedure was conducted on back to back parameter 

sets in rod form, where in some instances macrocracking was observed. Measurements for both crack 

depth and width were taken across all 24 CM247LC LPBF variants with the procedures outlined in 

Section 3.4, where results were correlated to process parameters, to be discussed later. Figure 5.17 

showcases that there appears to be an increase in the severity of tearing post HIP as normalised beam 

speed increases and this is further illustrated in Figure 5.18.  When compared to the equivalent 

parameter sets in the as built state, the variants which displayed the most severe microcracking 

surprisingly appear to consolidate well and not tear post HIPing. This phenomenon further exists for 

normalised beam power as shown in Figure 5.19, where an increase in normalised beam power leads to 

little or no macrocracking, with lower ends of power displaying high degrees of tearing as visually 

highlighted in Figure 5.20. These behaviours continue to coincide with the observations previously 

discussed for the as-built counterparts, where high normalised beam power would give rise to high 

degrees of microcracking as discussed, once more highlighting this inverse relationship that is apparent.  

 

When comparing the influence of normalised energy density on macrocracking post HIPing 

across all 24 CM247LC LPBF variants as shown in Figure 5.21, it is evident that increasing energy 

input leads to greater material consolidation post HIPing. It is clear that a directly inverse relationship 

exists between microcracking and tearing post HIPing, where material that displays prominent 

microcracking in the as built condition appears to show little to no macrocracking following post 

processing. As discussed earlier, the microcracking induced in the as-built variants is consequent to 

high energy density inputs. This subsequently leads to the heightened presence of larger melt pools 

which are innately more suspect to larger discrepancies in contraction rates which in turn generate both 

tensile loading and residual stressing. Given the relationship between microcracking and tearing 

previously showcased with changes in normalised beam speed, power and energy density, it is 

hypothesised that the microcracking observed in the as-built state inherently acts as a mechanism for 

stress relief. Considering this, the relief of stress would give a reasonable indication and insight as to 

why material that displays little to no microcracking in the as-built condition appears to tear within the 

HIPing process and material that displays large degrees of microcracking appears to consolidate fairly 

successfully. Furthermore, it is also worth noting that the direction of tearing and splitting witnessed 

within these rods coincides and aligns with the epitaxial grain growth directions present within ALM 

processes, suggesting that the phenomenon is both microstructurally driven and intergranular.  
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Figure 5.17. Influence of normalised beam speed on cracking measurements displayed post HIPing in 

the LPBF CM247LC rods. 

 

 

Figure 5.18. Cracking observations in LPBF CM247LC rods post HIPing from left to right in order of 

increasing normalised beam speed.  
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Figure 5.19. Influence of normalised beam power on cracking measurements displayed post HIPing in 

the LPBF CM247LC rods. 

 

 

Figure 5.20. Cracking observations in LPBF CM247LC rods post HIPing from left to right in order of 

increasing normalised beam power. 
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Figure 5.21. Influence of normalised energy density on cracking measurements displayed post HIPing 

in the LPBF CM247LC rods. 

5.4 Process Variance in Paired Parameters 

 

Within this DOE, there appears to be a relatively consistent and strong correlation between 

process parameters and material behaviour as to be expected. However, it is noticed in two instances 

that paired samples (1 & 2, 7 & 8) with the same parameter sets employed, display vastly different 

cracking behaviour as indicated in Table 5.1. Upon initial observations of the average melt track sizes 

of these samples, there appears to be a comparatively consistent outcome showcased with regards to 

parameter selection. For samples 1 and 2, track heights and widths of a similar range are observed 

(36.72 – 39.11μm, 96.93 – 105.47μm) and alike behaviour is displayed for samples 7 and 8 (32.75 - 

36.75μm, 94.74 – 100.72μm). Despite this however, further statistical examination of the measurements 

conducted reveal underlying implications which can give insight as to these differences in behaviour. 

It can be seen in the box plot depicted in Figure 5.22a that irrespective of sample 1 and 2’s similar 

average track sizes, there is evidently a large degree of variation in the measurements in sample 1 which 

coincides with the increased severity of macrocracking post HIP, as shown in Table 5.1 (1866.80μm 

average width, 29289.18μm depth).  This can be further illustrated in the histograms presented in 

Figures 5.22b-e, where extremely different distribution profiles between samples 1 and 2 are depicted. 

Furthermore, similar behaviour is again observed between samples 7 and 8 as indicted in Figure 5.23a, 

where large degrees of data scatter are displayed, which again further corresponds to the increased 
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severity in macrocracking depicted in Table 5.1 (1950.63μm average width, 21864.39μm depth). The 

changes in distribution profiles are again highlighted with the histograms shown in Figure 5.23b-e. 

Considering that the large degree of data scatter seemingly appears to coincide with this tearing 

behaviour, it is reasonable to suggest that the consistency of the process for sample 1 and 8 is somewhat 

tarnished. Given this, an understanding as to the driver for this variation in track sizing is required.  

 

One consideration within the LPBF manufacturing process which has yet to be explored is the 

effect that build architecture and more specifically location bears on the samples manufactured. High 

degrees of melt track size variation give a general indication that the presence of changes in cooling 

rates is apparent and considering that a consistent standard stripe hatching strategy with a 67o orientation 

was employed as outlined in Section 3.1.1, a further understanding is required as to why this occurs. 

Across all 24 samples within this DOE, a variance value for both melt track height and width was 

calculated from standard deviations and visually represented in a contour plot respective to its position 

on the build plate as illustrated in Figure 5.24. In these contour plots it becomes apparent that large 

degrees of melt track variation tend to arise towards the back right of the build plate, in close proximity 

to the wipers original position and the introduction of argon gas flow. Although it is difficult to provide 

any definitive determination given that not all processing information has been made available, it is 

hypothesised that there is a degree of gas trappage that occurs consequent to a variety of mechanisms, 

one of which includes powder-wiper interaction. As powder is pushed onto the bed, powder particles 

of a larger size are likely to congregate together which provides a poorer overall packing density with 

voids presiding between them. This lack of powder coverage upon melting, can contribute to the 

formation of porosity. It is also worth noting that the variance observed appears to be more evident for 

melt track width comparative to height, suggesting that the phenomenon that occurs is more prominent 

above the melt pool surface, further coinciding with the notion of argon trappage given argon’s heavier 

density comparative to air. 

 

Table 5.1. Data summary of paired parameters that displayed differing behaviour. 

Sample 

Parameter Selection Melt Tracks HIPed Macrocracking 

v h* q 
Avg Height 

(μm) 

Avg Width 

(μm) 
Avg Width (μm) Depth (μm) 

1 0.51 2 1 36.72 105.47 1866.90 29289.18 

2 0.51 2 1 39.11 96.63 334.37 9002.85 

7 0.65 2 2 36.75 94.74 880.95 14121.15 
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8 0.65 2 2 32.75 100.72 1950.63 21864.39 

 

 

 

Figure 5.22. Melt track height and width variance for LPBF CM247LC samples 1 and 2 a) box plot b) 

sample 1 track height, c) sample 2 track height, d) sample 1 track width and e) sample 2 track width. 

 

 

Figure 5.23. Melt track height and width variance for LPBF CM247LC samples 7 and 8 a) box plot b) 

sample 7 track height, c) sample 8 track height, d) sample 7 track width and e) sample 8 track width. 
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Figure 5.24. Melt track variance mapping in relation to build position for a) melt track height and b) 

melt track width for CM247LC LPBF builds. 

 

5.5 Room Temperature Small Punch Tensile Testing of HIPed Rods 

 

As mentioned, SPT testing was conducted on a selection of the HIPed rods both at room 

temperature (RT) and 950°C, in order to ascertain mechanical properties from small volumes of material 

and thus be used as a ranking tool for rapid validation. It is evident from the testing results displayed 

both in Figure 5.25 and Table 5.2 that parameter sets which inherently contribute to higher energy 

densities tend to display a greater tensile strength, in the form of maximum force (FMax) as a trade-off 

for ductility (or disc deflection, d) at RT. This is illustrated with SPT1 (low E*, FMax = 932.02N, d at 

FMax = 0.96mm), SPT19 (medium E*, FMax = 1210.61N, d at FMax = 0.67mm) and SPT23 (high E*, FMax 

= 1220.10N, d at FMax = 0.60mm). This relationship can generally be further observed across the board 

for all individual parameter contributions, with increases in normalised beam speed continuing to 

display the inverse relationship previously explored with SPT 5 (low speed, FMax = 1227.95N), SPT 3 

(medium speed, FMax = 1206.58N) and SPT 1 (high speed, FMax = 932.02N) and increasing normalised 

beam power as represented in SPT1 (low power, FMax = 932.02N) and SPT9 (medium power, FMax = 

1122.58N). There does appear to be one clear contradiction to the trend as observed in SPT18 (high 

power, FMax = 589.34N), which performs considerable poorer than its surrounding LPBF variants, 

suggesting that is an anomaly for reasons which will be discussed later.  
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Microstructural evaluations were conducted on the low, medium and high energy variants 

tested above, where fairly minute changes were noticeable as shown in Figure 5.26. Although the 

mechanical trends shown would traditionally contrast Hall-Petch theory [165] and the results to be 

expected given the implications of energy density on grain sizing previously explored in Section 4.2, it 

is important to note that the sectioning methodology employed as outlined in Section 3.4 has changed 

with respect to the plane of view and thus a fine-grained equiaxed microstructure is subject to testing. 

When considering the directional heat flow apparent in additive processes, it is reasonable to assume 

that parameter based influence would have a lessened impact on grain size with respect to this plane. 

As such, alternate considerations need to be made. One observation which could innately explain the 

mechanical performances displayed is the change in nature of carbides as seen in Figure 5.26, where 

carbides appear to be more pronounced in the lower energy variants as seen in Figure 5.26a. As 

mentioned, additive processes and particularly lower energy depositions are suspect to more rapid 

solidification and as such the influence of time dependent processes such as diffusion are diminished. 

As energy increases, the inherent larger melt pools consequent will be subject to slower solidification 

rates and as such time dependent processes will be supported and in this instance it would appear as 

though the carbide sizing has been reduced. The influence of grain boundary precipitates and 

particularly carbides has been the subject of numerous investigations, where it is generally accepted 

that they act as obstacles for dislocation movement and thus benefit tensile performance. As such, 

coarsened carbides would be less favourable for pinning dislocation movement, which is why lower 

FMax values are witnessed. Given the strengthening effect of impeded dislocation movements and 

precipitation strengthening, a natural drop in ductility follows suit.  

 

Figure 5.25. SPT testing of HIPed CM247LC LPBF variants at room temperature under a 

displacement rate of 0.5mm/min. 
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Table 5.2. Test data from SPT testing of HIPed LPBF variants at room temperature. 

 

 

Figure 5.26. Microstructures of SPT tests conducted at RT for a) SPT1 (low energy), b) SPT19 

(medium energy) and c) SPT 23 (high energy) CM247LC LPBF variants. 

The relationships discussed are further examined and can be visually represented and validated 

in the form of low magnification fractography as shown in Figures 5.27a-e, where fractures are 

displayed in relation to their parameter input. Although all the fractures seen are inherently brittle given 

the highly strengthened nature of the alloy, it is apparent that the higher energy sample displayed in 

Sample FMax (N) 
d at FMax 

(mm) 

dL at FMax 

(mm) 
FBreak (N) 

d at break 

(mm) 

dL at break 

(mm) 

SPT1 923.02 0.96 1.01 738.51 1.77 1.80 

SPT3 1206.58 0.56 0.81 965.30 1.16 1.27 

SPT5 1227.95 0.65 1.04 982.34 1.45 1.60 

SPT9 1122.58 0.68 0.89 898.06 1.59 1.58 

SPT18 589.34 0.53 0.58 471.46 1.46 1.26 

SPT19 1210.61 0.67 0.94 968.48 1.49 1.47 

SPT23 1220.10 0.60 0.88 975.87 0.83 1.11 
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Figure 5.27b is significantly less so with a ‘moon and crescent’ fracture appearance, showcasing less 

evident primary cracking comparative to the low energy variant seen in Figure 5.27e. This is consequent 

to the test determination criteria employed which is a 20% drop off in FMax, with the high energy 

deposition variant showcasing a relatively poor damage tolerance behaviour given its loss in ductility 

comparative to the lower energy variant and therefore less displacement ensued. This relationship is 

contrasted for the lower energy variant which as mentioned, showcased respectively greater ductility 

behaviour and as such exhibited greater damage tolerance post rupture, leading to higher displacements 

being recorded before test finish. The mid-range variants for both speed and power as shown in Figures 

5.27c & f appear to illustrate the transition from radial to ‘moon and crescent’ type cracking, where 

primary cracking disseminating outwards continues to ensure. The only stark contrast to the 

relationships discussed can be seen in the form of SPT 18 as displayed in Figure 5.27g, where given the 

marked decrease in FMax, it is highly likely that this result is consequent to elastic heterogeneity as a 

result of the discrete localised region of material being subject to testing. If you consider the force 

decrease in relation to the damage tolerance behaviour, it is likely that this volume of material’s FMax 

performance was driven by the presence of a catastrophic defect, hindering the materials ability to 

withstand force, but post rupture displayed excellent damage tolerance driven by the microstructural 

features discussed such as grain size and carbide precipitation.  

 

Figure 5.27. SPT fracture morphologies of tests conducted at RT positionally related to their 

parameter contribution a) SPT5 b) SPT23 c) SPT3 d) SPT19 e) SPT1 f) SPT9 and g) SPT18. 
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5.6 High Temperature Small Punch Tensile Testing of HIPed Rods 

 

High temperature SPT tests were conducted on the same back-to-back LPBF variants 

previously tested at RT, as shown in Figure 5.28. It is worth noting that the comparison of process 

parameters in this instance becomes somewhat challenging given the premature failure of SPD01 as 

depicted in Figure 5.29, which occurred during the circumferential clamping process. Despite this, it is 

worth considering that this premature failure gives insight as to the structural integrity of the sample 

consequent to parameter selection and furthermore, suggests that its tensile performance would be 

considerably poor. Nevertheless, the existence of a notable decrease in tensile performance across the 

results is witnessed with FMax values substantially dropping from a range of 589.34-1227.95N shown 

previously in Table 5.2 to 342.06–433.80N as represented in Table 5.3, corresponding with the uniaxial 

tensile performances at elevated temperatures referred to in Section 2.2.3.1.  In addition to this, there is 

a substantial drop in displacement values displayed at a 20% drop off for FMax post rupture, from 0.83-

1.77mm to 0.52-0.72mm as shown in Tables 5.2 and 5.3, indicating that the material exhibits a 

substantial ductility drop at higher temperatures and thus the material’s ability to withstand damage 

tolerance is lessened, corresponding with the relationships shown by Kim et al [51].  

 

Given the premature failure of SPD01 and the relationships observed in Figure 5.28 and Table 

5.3, similar trends to those discussed at RT partly continue to ensue. This particularly appears to be the 

case with regard to low energy variants performing the worst; however, it is worth noting that this 

relationship seems to break down as energy density increases. It can be seen that the mid-range samples 

for both beam power and energy density appear to display the greatest tensile strength at high 

temperature, SPD9 (medium power, FMax = 391.53N) and SPD19 (medium energy, FMax = 433.80N). 

This contradicts the relationships observed between process parameters and tensile performance at RT 

and is likely to be as of consequence to two phenomena which will be considered. The first 

contemplation is that the difficulties of interpreting small punch data for highly brittle materials is well 

documented as discussed in Section 2.4.3, and given the ductility drop observed at elevated 

temperatures, the data is subject to more variance given the existence of highly brittle failures which 

are characteristically rapid and catastrophic. As such, the existence of data crossover is of reasonable 

probability. The second consideration is the discrete sampling size associated with small punch which 

has been explored previously, where given the localised regions of microstructure subject to scrutiny, 

the pickup of abnormal microstructural features bears greater impact on mechanical performance and 

is not entirely representative of bulk properties. 

 

The relationships and in particular the ductility drops discussed can be witnessed further during 

post rupture fractography across Figure 5.30, where the prominence of ‘star-fish’ type cracking across 

all samples is evident. As mentioned previously, ‘star-fish’ characteristics gives the indication that 
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stresses are at a maximum and initiate from the centre of the disc and thus radially propagates outwards, 

giving the implication that highly brittle failures have taken place with little to no membrane stretching. 

It can be seen that both the highest E* and the contributing parameter extremities (low speed, high 

power) samples display the least severe cracking, albeit still with brittle characteristics, supporting that 

of the tensile results. Microstructural analysis once again picked up the refinement of carbides with 

higher energy input as showcased in Figures 5.31a & b, which is to be expected considering the samples 

tested at both RT and 950oC were sectioned from the same rods. Given the thin nature of the samples, 

minute variations in microstructural features is to be expected.  

 

 

Figure 5.28. SPT testing of HIPed CM247LC LPBF variants at 950°C under a displacement rate of 

0.5mm/min. 

 

 

Figure 5.29. SPD1 sample cracking during circumferential clamping prior to testing. 
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Table 5.3. Test data from SPT testing of HIPed CM247LC LPBF variants at 950oC. 

Sample FMax (N) 
d at FMax 

(mm) 

dL at FMax 

(mm) 
FBreak (N) 

d @ break 

(mm) 

dL at break 

(mm) 

SPD1 - - - - - - 

SPD3 348.72 0.50 0.82 278.98 0.64 0.94 

SPD5 369.18 0.41 0.62 295.34 0.52 0.73 

SPD9 391.53 0.57 0.72 313.07 0.69 0.81 

SPD18 342.06 0.55 0.65 273.65 0.65 0.73 

SPD19 433.80 0.61 0.70 346.97 0.72 0.77 

SPD23 342.19 0.54 0.61 273.68 0.66 0.69 

 

 

Figure 5.30. SPT fractography of CM247LC LPBF tests conducted at 950°C positionally related to 

their parameter contribution a) SPD5 b) SPD23 c) SPD3 d) SPD19 e) SPD1 f) SPD9 and g) SPD18. 
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Figure 5.31. Microstructures of a) SPD19 (medium energy) and b) SPD23 (high energy) variants 

conducted at 950oC. 

 

5.7 Small Punch Creep Testing of HIPed Rods 

 

In addition to both RT and high temperature SPT tests conducted on these variants, SPC testing 

was employed to drive a further understanding as to the material’s resistance to high temperature 

mechanical deformation within this DOE. Figure 5.32 displays the creep performance of these variants 

where it becomes apparent that SPC1 was once again subject to premature failure given the substantially 

lower total displacement and lack of primary region, indicating that the material ruptured prior to the 

traditional yielding region. It is likely that this rupture occurred either during the circumferential 

clamping process or subsequent to thermal expansion upon test setup. Considering this, both the time 

to rupture and minimum displacement rates shown in Table 5.4 for SPC1 can be disregarded. Figure 

5.32 and Table 5.4 highlights the limited differentiation between process variants with regards to both 

time to rupture (2.48 - 7.9 hours) and minimum displacement rate (0.02452 - 0.07874mm.hr-). 

Considering the heavy influence of anisotropic characteristics highlighted previously in Sections 2.3.4 

& 2.4.5 and the apparent fine-grain equiaxed microstructures evident, these diminutive differentiations 

further highlight the limitations of using SPC for specific orientations in highly anisotropic materials, 

where in this instance, performances are more likely to be influenced by statistical variance consequent 

to the catastrophic failure mechanisms discussed rather than parameter-based phenomena. The minute 

variations discussed are further illustrated with low magnification fractography as shown in Figure 5.33, 

where highly brittle fractures that displayed substantial primary cracking emanating from the centre of 

the disc as previously discussed are consistently observed (disregarding Figure 5.33e). In addition to 

this, the existence of secondary cracking around the periphery of the punch tip can be seen, further 

highlighting both the severity and consistency of embrittlement. When considering this in relation to 

the microstructural imaging shown in Figures 5.34a-d, there appears to be the existence of consistent 

microstructural features irrespective of the changes in parameter selection, where fine-grain equiaxed 

microstructures with no distinguishable changes in grain sizing are present. 
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Figure 5.32. SPC testing of HIPed LPBF variants at 950°C, 150N load. 

 

Table 5.4. Time to Rupture and Minimum Displacement Rate data for SPC variants tested at 950°C, 

150N load.  

Sample Time to Rupture [Hours] Minimum Displacement Rate [mm.hr-1] 

SPC1 1.28 0.01299 

SPC3 4.48 0.05361 

SPC5 5.48 0.03546 

SPC9 4.38 0.05596 

SPC18 7.90 0.02452 

SPC19 2.75 0.07874 

SPC23 2.48 0.07845 
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Figure 5.33. Fractography of SPC tests conducted at 950°C positionally related to their parameter 

contribution a) SPC5 b) SPC23 c) SPC3 d) SPC19 e) SPC1 f) SPC9 and g) SPC18. 

 

 

Figure 5.34. Microstructures of a) SPC19 (medium energy), b) SPC23 (high energy), c) SPC5 (low 

speed) and d) SPC18 (high power) creep variants conducted at 950oC, 150N load. 
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5.8 Summary 

 

Overall, a robust analytical methodology was employed using manual melt track measurements 

alongside the image thresholding of high resolution stitched optical microscopy on an array of 

CM247LC LPBF variants which included changes in normalised beam speed, power and energy 

density. It became apparent that direct increases in normalised energy density or any subsidiary 

parameters inherently increased both melt track height and width. In addition to this, the propensity of 

CM247LC to cracking mechanisms was apparent and coincided with increases in normalised energy 

density, giving credence to both literature and the work showcased in Chapter 4. There was seemingly 

no clear existential relationship between parameter selection and porosity. The following section will 

look to assess whether the anisotropic behaviour explored continues to ensue in the highly weldable 

alloy IN718. In addition to this, variations in parameter selection will be evaluated in order to ascertain 

the impact of energy deposition and to establish if cracking mechanisms are solely consequential to 

parameter deposition or whether alloy chemistry plays a significant contributing role.  
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Chapter 6 – Small Scale Testing & Microstructural Characterisation of 

IN718 
 

6.1 The Influence of Build Orientation on Small Punch Creep Performance 

 

A sequence of SP creep results were collected across multiple LPBF IN718 variants, with the 

key distinguishing variables in this instance being build orientation and parameter selection. The initial 

premise of this work package was to once again evaluate the role that build orientation plays on 

resistance to creep deformation as shown in Figure 6.1 and Table 6.1. It is evident that build orientation 

contributes substantially to creep performance, where 30o builds display a time to rupture range of 1.2 

– 5.6 hours in comparison to 90o builds (3.1 – 1101.5 hours). Although there does appear to be relatively 

miniscule crossover, it is worth noting that this only appears to be the case for parameter sets 3, (4.1 – 

5.6 hours for 30o builds and 3.1 – 12.2 hours for 90o builds), which will be discussed later. Nevertheless, 

the relationship between 30o and 90o orientations is consistently observed across the results, with the 

large discrepancies of performances for 90o orientations correlating directly to parameter selection, as 

will be examined later. 

 

 

Figure 6.1. SPC results for IN718 LPBF variants at 650oC, 500N load. 
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Table 6.1. Time to Rupture and Minimum Displacement Rate data from all IN718 LPBF variants 

tested within this DOE, conducted at 650oC, 500N load. 

Sample Time to Rupture [Hours] Minimum Displacement Rate [mm.hr-1] 

30o, Parameter Set 1, Build 3 1.2 0.02658 

30o, Parameter Set 3, Build 1 4.9 0.07369 

30o, Parameter Set 3, Build 2 5.6 0.00676 

30o, Parameter Set 3, Build 3 4.1 0.08124 

90o, Parameter Set 1, Build 1 33.9 0.00129 

90o, Parameter Set 1, Build 2 94.6 0.00005 

90o, Parameter Set 2, Build 1 351.5 0.00007 

90o, Parameter Set 2, Build 2 959.7 0.00031 

90o, Parameter Set 2, Build 3 1101.5 0.00011 

90o, Parameter Set 2, Build 4 240.5 0.00058 

90o, Parameter Set 3, Build 1 10.9 0.00918 

90o, Parameter Set 3, Build 2 8.8 0.03309 

90o, Parameter Set 3, Build 3 12.2 0.00535 

90o, Parameter Set 3, Build 4 3.1 0.09784 

90o, IN718 Baseline, Build 1 66.7 0.00044 

90o, IN718 Baseline, Build 2 56.0 0.00461 

90o, IN718 Baseline, Build 3 30.3 0.00021 

90o, CM247LC Baseline, Build 1 11.8 0.00052 

90o, CM247LC Baseline, Build 2 15.4 0.00486 

90o, CM247LC Baseline, Build 3 26.8 0.00098 

 

The changes in mechanical performance seen between 30o and 90o builds can be fundamentally 

explained through the microstructural examination displayed in Figure 6.2, where once more the 

prevalence of anisotropic microstructures consequent to the directional heat flow within the ALM 

process is evident. Figure 6.2a highlights the existence of an equiaxed microstructure, whilst Figure 



160 

 

6.2b showcases the presence of a columnar grain structure, both of which are numerically quantified in 

Table 6.2 through EBSD grain mapping. The grain size calculations shown in Table 6.2 approximated 

through the elliptical fit method indicates the occurrence of fine grains (average area 229.75µm2) which 

inherently lead to a higher grain count (1337) within the captured area in the 30o orientations; 

contradicting that of the 90o orientation, which consists of coarsened grains (average area 701.02µm2) 

and thus an innately lower grain count (439). As discussed previously in Chapter 4, creep deformation 

is a grain boundary initiated and dominated mechanism and given the heightened presence of grain 

boundaries apparent in 30o orientations, a substantial rise in minimum displacement rate is to be 

expected (0.00676 – 0.08124mm.hr-1). Conversely, the reduction in grain boundary volume fraction 

observed in the 90o orientations innately rationalises the lower displacement rates witnessed (0.00005 

– 0.09784mm.hr-1). 

 

 

Figure 6.2. Grain boundary contrast maps of a) 30o, Parameter Set 1, Build 3 and b) 90o, Parameter 

Set 1, Build 1 at 200x magnification. 

 

Table 6.2. Grain size measurements calculated from EBSD grain boundary contrast maps of IN718 

variants.  

Sample Average Grain 

Area (µm2) 

Average Grain 

Aspect Ratio 

Average Grain 

Diameter (µm) 
Grain Count 

30o, Parameter Set 1, Build 3 229.75 1.98 11.45 1337 

90o, Parameter Set 1, Build 1 701.02 3.48 10.88 439 
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In addition to grain size analysis, general microstructural overviews were captured through the 

SEM as shown in Figure 6.3, where the changes in grain morphology, shape and size (fine grain 

equiaxed to coarsened columnar), can once again be observed. It can also be seen that a reasonable 

material density is achieved with no clear existence of cracking being observed and furthermore, the 

presence of unknown spherical deposits on grain boundaries appear prominent irrespective of 

orientation, as will be discussed later. Fractographic analysis was conducted as shown in Figure 6.4 to 

further understand the associated failure mechanisms, where Figures 6.4a & b emphasise the difference 

in embrittlement for each variant. Figure 6.4a displays the ‘star-fish’ cracking discussed in previous 

chapters, where stress appears to originate from the centre of disc and travel radially outwards, 

indicating a highly brittle failure as to be expected. Figure 6.4b showcases the existence of 

unidirectional features indicating a transition to ductile failure. However, there still appear to be signs 

of stress originating from the centre of the disc, which is likely down to the testing conditions selected 

nearing the material’s capability. Nevertheless, a greater ductility than the 30o orientation is underlined, 

albeit in still a relatively brittle fashion. Figures 6.4c & d highlight the directionality of grains respective 

to the material’s surface, where grains are observed to be perpendicular to the materials surface in the 

instance of 30o orientations and parallel for 90o orientations. Additionally, the sharp features observed 

highlight intergranular failure, which is consistent with that of creep deformation, further validating the 

similarity of mechanisms observed between uniaxial and SP creep. 

 

Finally, a Monkman-Grant Relationship was plotted as shown in Figure 6.5, comparing time to 

rupture to the minimum displacement rates seen across all variants within this DOE, including changes 

in parameter sets which have yet to be discussed in detail. It can be seen that build orientations and their 

subsequent anisotropic behaviour act as the dominant prevailing mechanism influencing creep 

performance, for reasons which have been explored. There does appear to be diminutive crossover 

within specific parameter sets as briefly mentioned, giving rise to the need for a further understanding 

as to the influence that parameter selection and specifically beam settings play on microstructural 

features and thus performance. The following section will give an overview as to this influence, with 

low, medium and high energy density variants being considered. 
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Figure 6.3. 30o, Parameter Set 1, Build 3’s general microstructural observations displayed at a) low 

magnification c) higher magnification and 90o, Parameter Set 1, Build 1’s general microstructural 

observations observed at b) low magnification d) higher magnification. 

 

 

Figure 6.4. Fractographic imaging of 30o Parameter Set 1, Build 3 at a) low magnification, c) high 

magnification and 90o, Parameter Set 1, Build 1 at b) low magnification, d) high magnification. 

 

2mm 

200μm 

2mm 

200μm 
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Figure 6.5. Monkman-Grant Relationships for all SPC results on IN718 LPBF builds at 650oC, 500N. 

 

6.2 The Influence of Parameter Selection on Small Punch Creep 

 

SPC tests were employed on a series of LPBF IN718 samples within this DOE with variations 

in parameter selection. Figure 6.1 and Table 6.1 showcases the influence of parameter selection on 

creep performance, where minute and inconsiderable changes in performance are observed for 30o 

orientations, irrespective of energy input (1.2 - 5.6 hours). This is further highlighted in the 

microstructural analysis presented in Figures 6.6, where subtle changes in relation to each other which 

bear no significance are observed. One observable feature however which will be discussed later in 

further depth is the existence of an unknown spheroidal precipitate, suspected to be delta phasing, which 

appears to predominantly reside along grain boundaries in this instance. As discussed in Section 2.2.3.2, 

IN718 is primarily strengthened by gamma double prime which is a metastable phase which is suspect 

to transformation into undesirable delta phasing at temperatures above 650°C. This phase 

transformation typically coincides with the loss of material strength consequent to gamma double prime 

formers being leached within the phase transformation process. EDS analysis was employed in order to 

confirm this phase change as shown in Figure 6.7, but it was unclear as to whether this was the case. 

One thing that was apparent however was evidence of niobium depletion around these precipitates as 

shown in Figure 6.7b, indicating leaching mechanisms consistent with the phase transformation 

discussed. This will be explored later as it seems to be concurrent with changes in energy density.  
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Fractographic analysis was conducted as shown in Figure 6.8 in order to ascertain the impact 

of process parameters within 30o orientations, which was seemingly insignificant given the dominant 

anisotropic characteristics discussed. There appeared to be substantial evidence of primary cracking 

emanating from the centre of the disc in all samples, once more highlighting extremely brittle failures. 

Considering the lack of variation witnessed and the underlying epitaxial grain growth mechanisms 

which are intrinsically restricted in 30o build orientations, this work will place a major emphasis on 90o 

orientations, given the exacerbated differentiation in performance between variants (3.1 – 1101.5 

hours).  

 

Figure 6.6. Microstructural imaging of 30o variants, a) b) Parameter Set 3, c) d) Parameter Set 1. 

 

Figure 6.7. EDS analysis of spheroidal precipitates apparent in the 30°, Parameter Set 3, Build 1 

sample a) SEM imaging b) Niobium c) Nickel and d) EDS spectrum. 
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Figure 6.8.  Fractographic imaging of IN718 LPBF 30o variants, Parameter Set 3 a) e) Build 1 b) f) 

Build 2 c) g) Build 3 and Parameter Set 1 d) h) Build 3. 

 

For 90o orientations, it can be seen in Figure 6.1 and Table 6.1 that there appears to be a major 

discrepancy in performance between parameter sets, with low energy variants performing significantly 

poorer (3.1 – 12.2 hours), in respect to medium and high energy variants. These performances can be 

rationalised through both the EBSD in Figures 6.9 & 6.10, alongside microstructural analysis presented 

in Figure 6.11, where considerable detrimental features are commonly observed across 2 separate 

builds.  

 

From a generic microstructural outlook, grain size approximations were calculated through 

EBSD analysis as shown in Table 6.3, giving a general indication as to the grain sizing and 

morphologies present in these low energy builds comparative to medium and high energy variants. It 

can be witnessed that these lower energy builds tend to exhibit a considerably smaller average grain 

size (374.74µm2 and 517.322µm2) and subsequently higher grain count, respective to the alternate 

energy variants present, which is likely to be as of consequence to the more rapid cooling rates 

associated with lower energy inputs. It is worth noting that although there appears to be no significant 

influence on average grain aspect ratios and diameters, however averages may not fully encapsulate the 

grain growth mechanisms consequent to this energy input as will be discussed later. The ramifications 

of finer grain sizes are similar to that previously explored, where creep is ultimately a grain boundary 

dominated mechanism and the presence of finer grains will innately lead to the heightened volume 

fraction of grain boundaries, giving rise to the accelerated minimum displacement rates observed 

(0.00918mm.hr-1 – 0.09784mm.hr-1). 

 

Considering the influence of cooling rates on grain size, EBSD mapping techniques were 

utilised in order to further understand the ramifications of these cooling rates on the underlying 
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microstructural mechanisms not detectable through standard electron imaging. IPF Z mapping was 

deployed as illustrated in Figure 6.9a, highlighting a fairly uniform texture with respect to the 

referencing directions employed, which consequently would support grain boundary movement as no 

textural or effective structural unit (ESU) mechanisms are apparent. In addition, grain size distribution 

mapping as displayed in Figure 6.9b highlights the presence of a bimodal grain structure, where 

localised regions of fine grain material are apparent. These pockets of material seemingly coincide with 

that of recrystallised material shown in Figure 6.9c, where there appears to be the initiation of the 

recrystallisation process, which looks to be stifled by the shortened freezing ranges consequent to the 

ALM process. This would be especially apparent in lower energy inputs, where smaller melt pools are 

likely to cool at a higher rate when in contact with previously deposited layers or surrounding solidified 

material. Given the relationship between grain size and creep rates discussed, these regions of fine 

grains are probable to further accelerate creep deformation by acting as initiation sites.  

 

Figure 6.10a showcases Schmid factor mapping which illustrates how prone each grain is to 

crystallographic slip with respect to the available slip systems prominent in polycrystalline nickel-based 

superalloys ⟨110⟩ {111}, where it would seem apparent there are many grains favourable to slip 

deformation. Figure 6.10b represents localised average misorientation mapping, revealing high degrees 

of misorientation in abundance throughout the microstructure, indicating a presence of ‘strain’ within 

the microstructure which is likely to be consequent to the residual stressing mechanisms prevalent 

within additive processes. Finally, Figure 6.10c displays GBA mapping which reveals the degree of 

misorientation between adjacent grains, where HAGBs (>15o) are frequently observed and are noted to 

be highly detrimental to creep performance within literature [9] [172]. These HAGB’s coincide with 

the textural mapping previously examined and considering their high degree of misorientation, the 

pinning effects of grain boundary precipitates are substantially lessened and therefore accommodate 

processes such as grain boundary sliding.  

 

Furthermore, general microstructural observations as shown in Figure 6.11 pick up the 

heightened presence of what appears to be delta phasing, which is predominantly situated on grain 

boundaries. As mentioned in Section 2.2.3.2, delta phasing is an undesired orthorhombic phase which 

is subsequent to overaging and the metastable transformation of gamma double prime at temperatures 

greater than 650oC. Considering this phase’s incoherency with the gamma matrix and its likelihood to 

form at the expense of gamma double prime, this could prove to be a contributing factor to the variant’s 

substantially poor performance. Although EDS analysis was inconclusive to confirm the presence of 

this phasing, the existence of niobium depletion was apparent as shown in Figure 6.7, consistent with 

that of delta formation and it’s leaching of strengthening alloying additions. Although the temperature 

fields and kinetics of delta phase formation is highly disputed in literature [42] [173], these globules 

appear to be relatively similar to observed cases and furthermore, are well documented to be preferential 
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to high angle grain boundaries [174]. While it remains unclear, it is reasonable to assume that it is fairly 

plausible that this could be delta phasing given the niobium depletion witnessed and its consistency 

with literature and if so, would inherently contribute to the variant’s loss in high temperature 

performance.  

 

Finally, Figure 6.11 appears to highlight the existence of lack of fusion welds throughout the 

microstructure, which as explored in Section 2.3.5, is subsequent to the energy input not being sufficient 

enough to fully melt and consolidate the material. This mechanism is given further credence too and 

substantiated in Figure 6.12, where un-melted powder particles are frequently observed and embedded 

within the microstructure. The highly detrimental features discussed appear to manifest themselves in 

the fractography shown in Figure 6.13, where the uniform texture explored corresponds with the 

existence of primary cracking which radially travels outwards in a highly brittle fashion.  

 

Table 6.3. Grain size measurements calculated from EBSD grain maps of IN718 LPBF variants. 

Sample Average Grain 

Area (µm2) 

Average Grain 

Aspect Ratio 

Average Grain 

Diameter (µm) 
Grain Count 

90o, Parameter Set 1, Build 1 701.02 3.48 10.88 439 

90o, Parameter Set 1, Build 2 1148.2 4.03 18.49 172 

90o, Parameter Set 2, Build 2 1288.6 2.87 16.10 242 

90o, Parameter Set 2, Build 3 1286.06 3.02 10.09 228 

90o, Parameter Set 3, Build 2 517.322 3.20 15.73 379 

90o, Parameter Set 3, Build 3 374.74 2.84 11.84 527 
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Figure 6.9. EBSD analysis of 90°, Parameter Set 3 variant a) IPF Z, b) Grain Size Distribution and c) 

RF mapping. 

 

Figure 6.10. EBSD analysis of 90°, Parameter Set 3 variant a) Schmidt Factor, b) LAM c) GBA 

mapping. 
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Figure 6.11. 90o, Parameter Set 3, Build 2 at a) low magnification b) medium magnification c) high 

magnification and Build 3 at d) low magnification e) medium magnification and f) high 

magnification. 

 

 

Figure 6.12. Un-melted powder particles observed in low energy IN718 LPBF variant. 

 

e) 
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Figure 6.13. Fractography of 90°, Parameter Set 3 a) e) Build 1 b) f) Build 2 c) g) Build 3 d) h) Build 

4. 

 

Multiple medium energy density variants were tested as shown in Figure 6.1 and Table 6.1, 

where a marked increase in creep resistance was observed as energy input was increased (33.9 and 94.6 

hours), in comparison to that of their lower energy counterparts previously discussed. Naturally, 

considering that creep is a statistical and time dependent phenomenon, greater high temperature 

mechanical performance will lead to a larger degree of disparity in the times to rupture as seen. 

Nevertheless, these performances can be intrinsically rationalised through a combination of general 

microstructural analysis and EBSD, where a reduction in the aforementioned detrimental features was 

observed. 

 

Analysis of both grain size and morphology as represented in Table 6.3 indicates the presence 

of what is seemingly grain coarsening, where larger average grain sizes are observed (701.02 & 

1148.2µm2) in combination with a relatively lower grain count (172 & 439) across the area captured. 

Although there is minute crossover in regards to grain count, it is important to note the dynamic changes 

of grain size distribution which will be addressed. On a similar note, the average grain aspect ratio 

appears to increase (3.48 & 4.03) suggesting the elongation of grains, which will also be explored.  The 

coarsening behaviour observed can be innately explained by the change of cooling dynamics 

consequent to increasing energy input, where it is likely that a larger energy density will lead to a larger 

melt pool which would be subject to a generally slower cooling rate, the extent of which cannot be 

quantified due to the ambiguity surrounding normalised process parameters. Nonetheless, coarsened 

grain structures will coincide with a lower volume fraction of grain boundaries and thus decelerate creep 

deformation and lessen the minimum displacement rates observed, which appears to be the case here 

(0.00005mm.hr-1 & 0.00129mm.hr-1). 
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Additionally, EBSD mapping was exploited in order to access any underlying changes in 

microstructural mechanisms that have evolved comparative to the lower energy counterparts previously 

explored. IPF Z mapping as depicted in Figure 6.14a gives an indication as to the development of 

texture, specifically favourable to the ⟨001⟩ reference point, giving rise to a macro-textural effect which 

could benefit creep performance by acting as an effective structural unit (ESU). Furthermore, grain size 

distribution maps are shown in Figure 6.14b highlighting the existence of grain coarsening and the 

inhibition of highly bimodal grain structures, where what was previously fine grain structures appear to 

coarsen and elongate. This once again seemingly coincides with the recrystallisation mapping 

represented in Figure 6.14c, where elongated grains which are shown to recrystallise give credence to 

the inherently slower cooling rates attributed to increasing energy input.  

 

Schmid factor mapping was employed as shown in Figure 6.15a to encapsulate the propensity 

and likelihood for grains to slip with respect to polycrystalline nickel-based superalloys available slip 

systems ⟨110⟩ {111}. Although the occurrence of relatively soft grains with Schmid factors in the realm 

of 0.4 - 0.5 is prominent, it is important to note the reduction of favourability for these grains in 

comparison to the lower energy variants previously discussed. LAM mapping was conducted as 

illustrated in Figure 6.15b, which continues to show the existence of highly ‘strained’ regions of 

material, which is to be expected given the residual stressing typically present in ALM materials. There 

does however appear to be a general increase in misorientation which is likely to be as of consequence 

of the influence of increasing energy inputs on melt pool dynamics. Although larger melt pools will 

innately cool slower, it will also be subject to greater disparities in cooling rates as larger melt pool 

circumferences will be in contact with previously deposited layers or substrates. This non-uniformity 

in cooling could give rise to differing thermal expansion coefficients which would likely lead to the 

generation of tensile loading. Finally, GBA mapping was employed as shown in Figure 6.15c, where 

the evolution of texture previously discussed appears to manifest itself in the formation of low angle 

grain boundaries (LAGB) (<5o). Low angle grain boundaries are considerably more favourable for creep 

deformation as they accentuate grain boundary pinning affects and are therefore less preferential to 

grain boundary movement.  

 

In addition to EBSD analysis, general microstructural observations as shown in Figure 6.16 

emphasise a reasonable reduction in the volume fractions of the same precipitates witnessed in low 

energy variants. Although there was a level of uncertainty surrounding these precipitates, given the 

partial niobium depletion in surrounding regions previously showcased in Figure 6.7 alongside their 

similarity to delta phasing observed in literature [41] [42], it was hypothesised with reasonable 

plausibility that these precipitates were consequent to the metastable transformation of gamma double 

prime to thermodynamically stable delta phasing. It would appear in this instance, that not only has 

there been a reduction in volume fraction, but these precipitates seem to be more finely dispersed and 
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not coalesced. Furthermore, these precipitates appear to not only situate along grain boundaries, but to 

subside within grains. Considering this and the inherently brittle nature of TCP phasing, the reduction 

of their prominence on grain boundaries are likely to benefit resistance to grain boundary slippage. 

Finally, the microstructures appear to display a high density with strong material consolidation, where 

no instances of lack of fusion welds or un-melted powder particles were observed, which would no 

doubt bear significant influence on mechanical performance.  

 

In view of the reduction in detrimental features alongside the development of material texture, 

it would appear that these mechanisms present themselves in the fractography displayed in Figure 6.17. 

Comparative to the low energy variants which were considerably radial, the failures observed appear to 

transition to and near towards unidirectional behaviour, consistent with that of the texture formation 

and consequently, these failures are showcased to be distinctively less brittle. Despite this, higher 

magnification fractography illustrates the same failure mechanisms to those previous with the presence 

of intergranular features, indicating that it is only the failure rate which is distinctly influenced.  

 

 

Figure 6.14. EBSD analysis of 90°, Parameter Set 1 variant a) IPF Z, b) Grain Size Distribution and c) 

RF mapping. 
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Figure 6.15. EBSD analysis of 90°, Parameter Set 1 variant a) Schmidt Factor, b) LAM and c) GBA 

mapping. 

 

 

Figure 6.16. 90o, Parameter Set 1, Build 2 at a) low magnification b) medium magnification c) high 

magnification and Build 3 at d) low magnification e) medium magnification and f) high 

magnification. 
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Figure 6.17. Fractography of 90°, Parameter Set 1 a) c) Build 1 b) d) Build 2. 

 

Finally, the high energy variants tested and displayed in Figure 6.1 and Table 6.1 perform 

substantially greater than that of both their medium and low energy counterparts, with a time to rupture 

range of 240.5 – 1101.5 hours being demonstrated. Once again, given the significant increase in 

specimen lifetime, it is self-indicative that larger ranges in performance are observed for reasons which 

have been discussed. All the same, microstructural examination methodologies were adopted to further 

understand the principal mechanisms that underpin these high temperature performances.   

 

Grain approximation techniques were employed in order to gauge an understanding as to the 

influence that energy input has on both grain size and morphology, with Table 6.3 indicating once again 

that further grain coarsening is apparent with respect to higher energies (1288.6µm2 & 1286.06µm2), 

for reasons which have been deliberated. Accordingly, a reduction in grain count is observed (242 & 

228) across the sampled area and the average aspect ratio of grains appears to drop relative to the 

medium energy variants previously discussed (2.87 & 3.02), of which will be examined and explored 

later. Despite this, considering the obvious coarsening behaviour apparent, it is self-evident that highly 

coarsened grains will once again lead to a significant reduction in the volume fraction of grain 

boundaries and given the explored relationship with respect to creep deformation, lead to a reduction in 

displacement rate. This was observed as shown in Table 6.1 (0.00007mm.hr-1 – 0.00058mm.hr-1). When 

considering all three energy variants, it becomes eminent that there is a clear noted relationship between 

average grain size and high temperature performance and it is therefore hypothesised that this acts as 

the predominant mechanism of performance within this alloy, coinciding with literature previously 

discussed [125]. 
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Further EBSD techniques such as mapping variations were used as shown in Figures 6.18 & 

6.19 in order to further the understanding of this variant and the evolving mechanisms with respect to 

low and medium energy inputs. Figure 6.18a depicts IPF Z mapping which once again highlights the 

heightened presence of texture which concurs with the textural development previously witnessed in 

the medium energy samples. Figure 6.18b illustrates grain size distribution mapping which indicates 

the clear existence of coarsened grains. However, it is worth noting the difficulty of ascertaining grain 

size distributions of highly coarsened material considering the sampling size of the region examined, 

which is why grains of a particular sizing seemingly appear to dominate the distribution. Nonetheless, 

the continuance of correspondence with the recrystallisation mapping indicated in Figure 6.18c 

continues to transpire, where recrystallised material further elongates and somewhat coarsens, 

providing further credence to the slower cooling rates discussed.   

 

Schmid factor mapping as shown in Figure 6.19a highlights a reasonable reduction in the grains 

preferential to the slip systems available in nickel-based superalloys ⟨110⟩ {111}, where relatively soft 

grains consistently nearing 0.45 are occurring. Despite the soft nature of these grains, it marks an 

adequate reduction when compared to the bimodal distribution apparent in medium energy variants, 

where systems that prominently near both 0.45 & 0.5 are detected. The minimisation of grains that near 

0.5 would realistically impact grain boundary sliding and thus delay processes such as creep 

deformation and high temperature performance. LAM mapping displayed in Figure 6.19b highlights 

the evolution of strain within the material, where localised hot spots of misorientation situated along 

grain boundaries is clear. As previously discussed, the existence of strain within the material is most 

likely a by-product of the residual stressing apparent in ALM processes. Considering the higher energy 

inputs and subsequently inherent larger melt pools, the non-uniformity of cooling is amplified given the 

greater volume of liquid exposed to cooler substrates/solidified material. As such, this magnified 

presence of disparities in cooling rate would enlarge the differentiations in thermal expansion 

coefficients and thus generate tensile loading, which would likely manifest themselves along grain 

boundaries. Given the inherent ductility of IN718, these localised regions of high misorientation and 

strain do not express themselves in the form of solidification cracking. GBA mapping as shown in 

Figure 6.19c highlights the further development of LAGBs, consistent with both the textural 

observations previously discussed and the slower cooling rates hypothesised. As mentioned, LAGBs 

are preferable with regards to creep deformation as they reinforce textural behaviour and the likelihood 

of adjacent grains acting as an ESU.  

 

Moreover, observational microscopy as represented in Figure 6.20 highlights a significant 

reduction in what was hypothesised to be delta phasing, where the distribution of this precipitate appears 

to not only conglomerate along grain boundaries but subside within the matrix itself. Although it is 

unclear as to whether this is delta phasing, given the ambiguity of its kinetics as highlighted previously, 
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delta phase precipitation along grain boundaries has been shown to restrict and inhibit grain growth 

[175]. This could characteristically contribute to the finer grain structures observed within low energy 

variants, where these features are highly prominent along grain boundaries and conversely, play a 

minimal role in the coarsened grain structures present in the high energy variant, where their presence 

is more uniformly dispersed. This could provide further weight to the hypothesis that they are in fact 

delta phase. Considering the evolution of mechanisms explored with regards to increasing energy input, 

Figure 6.21 highlights their impact on fracture behaviour, where the transition from radial to 

unidirectional primary cracking is continuing to ensue and is heightened. It is important to note the lack 

of fracturing deformed ligaments witnessed in these high energy variants comparative to the medium 

energy variants previously shown, demonstrating improved ductility. Finally, Figures 6.21e-h highlight 

the similarity in the fracture surfaces, where intergranular failures are once more prevalent indicating 

the same failure mechanism to that of low and medium energy variants, with the key distinguishing 

differential being failure rate.   

 

 

Figure 6.18. EBSD analysis of 90°, Parameter Set 2 variant a) IPF Z, b) Grain Size Distribution and c) 

RF mapping. 
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Figure 6.19. EBSD analysis of 90°, Parameter Set 2 variant a) Schmidt Factor, b) Localised Average 

Misorientation and c) GBA mapping. 

 

Figure 6.20. 90o, Parameter Set 2, Build 2 at a) low magnification b) medium magnification c) high 

magnification and Build 3 at d) low magnification e) medium magnification and f) high 

magnification. 
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Figure 6.21. Fractographic imaging of 90°, Parameter Set 2, variants a) e) Build 1 b) f) Build 2 c) g) 

Build 3 d) h) Build 4. 

 

6.3 The ‘Baseline’ Variants Small Punch Creep Performance 

 

In addition to the low, medium and high energy variants discussed, undisclosed parameter sets 

were fabricated using both Rolls-Royce plc.’s ‘baseline’ IN718 and CM247LC’s LPBF parameter 

settings. Although it may be difficult to comment on these parameter settings given the ambiguity 

surrounding this information, it may be feasible to approximate these parameter conditions and compare 

them contextually given the mechanical performance of these variants in combination with the 

observations and microstructural mechanisms previously explored. As such, grain size calculations, 

EBSD analysis, general microstructural observations and fractographic analysis were conducted.  

 

It can be seen in Figure 6.1 and Table 6.1 that the CM247LC ‘baseline’ variants failed 

reasonably sooner (11.8 – 26.8 hours) than that of the IN718 ‘baseline’ variants (30.3 – 66.7 hours). 

When considering grain sizing and morphology approximations taken from build 1 of each parameter 

input as shown in Table 6.4, there doesn’t appear to be any significant discrepancy in grain size 

(501.3µm2 and 511.1µm2), grain count (614 & 600) for the comparative sampled regions or grain aspect 

ratios (3.37 & 3.46). Although a more significant separation would be expected that, it is likely that 

both elastic heterogeneity alongside statistical variation plays a sizeable role in this crossover. 

Considering this, further evaluation is needed and employed in the form of microstructural observations 

as shown in Figure 6.22, where material density issues such as void formation is witnessed in the 

CM247LC LPBF ‘baseline’ parameter set. The arising of this phenomenon gives a noteworthy 

indication that the energy input is not sufficient enough to fully consolidate this material, suggesting 

that the energy input nears the low energy variant previously discussed. The IN718 LPBF ‘baseline’ 

parameter set to the contrary displays no noticeable density issues and considering this in combination 
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with its greater performance and coarser grain structure, albeit miniscule, is likely to have been subject 

to greater energy input. As deliberated previously, these presence of density issues and in particular 

void features can accelerate creep deformation and act as initiation sites as supported in Table 6.1.  

 

EBSD mapping was incorporated to assess underlying mechanisms, where Figure 6.23 

compares and contrasts the evolution of texture, grain size distribution and recrystallisation of the two 

materials. It can be seen in Figure 6.23a that the development of texture is seemingly initiating in the 

IN718 ‘baseline’ material, suggesting once more that this alloy is subject to slower cooling rates 

consequent to higher energy inputs. This appears to be contradicted in the CM274LC baseline variant 

as shown in Figure 6.23d which displays a highly uniform texture. Grain size distribution mapping in 

conjunction with recrystallisation mapping further support this notion of increased energy input, where 

coarsened and elongated grains with some prevalence of recrystallisation, similar to what was observed 

in the medium energy variants is present in Figures 6.23b & c. This once again is contrasted in Figures 

6.23e & f, where a highly bimodal grain structure is evident, suggesting the existence of more 

significantly rapid cooling that can manifest itself in the form of deformed structure.  

 

Schmid factor mapping coincides with these energy approximations as shown in Figure 6.24a 

& d, where a reduction in grains preferential to nickel’s slip systems is detected in IN718’s ‘baseline’ 

variant, ~ 0.45 relative to CM247LC’s ‘baseline’ variant which displays a bimodal distribution 

preferential to both 0.45 & 0.5. This is once again consistent with the low to medium energy 

observations interpreted previously. LAM mappings showcased in Figures 6.24b & e depict the 

existence of high misorientation, indicating strain, which as explored is consequent to the heightened 

residual stressing present in additive processes. However, IN718’s ‘baseline’ variant is showcasing the 

initial stages of strain localisation which appear to run parallel to the columnar grain structure apparent 

in the material. Finally, when considering GBA mapping as shown in Figures 6.24c & f, CM247LC’s 

‘baseline’ variant appears to display a higher prominence of LAGBs, comparative to IN718’s ‘baseline’ 

variant which appears to show a gradual increase in HAGBs. 

 

Fractographic analysis shown in Figures 6.25 and 6.26 highlight the implications of the 

underlying mechanisms on the overall rupture of these failures, where despite the discussed 

distinguishment in energy deposition, the materials’ inherent brittle natures are commonly observed. 

Unidirectional failures seem to be readily apparent in the IN718 ’baseline’ builds whereas CM247LC’s 

‘baseline’ builds are seemingly at a transitionary standpoint between radial and unidirectional cracking. 

When bearing in mind CM247LC’s propensity to crack with excess energy disposition as highlighted 

both in the literature discussed in Section 2.3.3 and the results explored in Section 4.2, and the apparent 

mechanisms discussed above, it is reasonable to hypothesise that the ‘baseline’ parameter set nears the 

low energy variants previously examined. To the contrary, considering IN718’s well acknowledged 
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ductility and weldability in combination with the evidence discussed, it’s fairly plausible that the energy 

deposition is in the mid region between the low and medium energy variants previously analysed. 

 

Table 6.4.  Grain size calculations for LPBF IN718 and CM247LC ‘baseline’ parameter sets.  

Sample Average Grain 

Area (µm2) 

Average Grain 

Aspect Ratio 

Average Grain 

Diameter (µm) 

Grain 

Count 

90o, IN718 Baseline, Build 1 511.1 3.46 11.10 600 

90o, CM247LC Baseline, Build 1 501.3 3.37 14.05 614 

 

 

Figure 6.22. Low, medium and high microstructural imaging of a) b) c) LPBF IN718 ‘Baseline’ d) e) 

f) LPBF CM247LC ‘Baseline’ variants. 
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Figure 6.23. IN718 LPBF ‘Baseline’ Parameter Set a) IPF Z b) Grain Size Distribution c) RF mapping 

and CM247LC LPBF ‘Baseline’ Parameter Set d) IPF Z e) Grain Size Distribution and f) RF 

mapping. 

 

 

Figure 6.24. IN718 LPBF ‘Baseline’ Parameter Set a) Schmid factor b) LAM c) GBA mapping and 

CM247LC LPBF ‘Baseline’ Parameter Set d) Schmid factor e) LAM and f) GBA mapping. 
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Figure 6.25. Fractographic imaging of LPBF ‘IN718 Baseline’ a) d) build 1, b) e) build 2, c) f) build 

3. 

 

 

Figure 6.26. Fractographic imaging of LPBF ‘CM247LC Baseline’ a) d) build 1, b) e) build 2, c) f) 

build 3. 
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6.4 The Small Punch Tensile Performance of the 90o Parameter Variants 

 

In addition to SPC testing, back to back LPBF variants were subjected to high temperature SPT 

testing at 650oC, with a displacement rate of 0.5mm/min being employed. The influence of low, medium 

and high energy inputs was considered first as represented in Figure 6.27 and Table 6.5, where there 

appears to be a general relationship observed between energy input and high temperature tensile 

performance.  

 

When considering FMax as a criterion, there appears to be a relatively consistent relationship 

displayed with increasing energy input, where low energy samples displayed the poorest performance 

range (1206.26N – 1356.81N). When relating these performances to the microstructural examinations 

previously deliberated in Figure 6.11, it becomes apparent that lower energy inputs were subject to the 

influence of material consolidation and density issues, particularly lack of fusion welds and unfused 

powder particles. As such, it comes as no surprise that there was a considerable drop off in FMax 

observed, as these sites can inherently weaken the material system when subject to tensile loading. 

Despite the presence of defects which will intrinsically inhibit the maximum force in which the system 

can withstand before rupture, it is worth noting the sizeable displacement at break values demonstrated 

(0.80 – 1.43mm) with respect to the displacements observed at FMax (0.70 – 0.79mm), indicating a 

reasonable level of damage tolerance post rupture. This can innately be explained through the grain size 

measurements showcased in Table 6.3, where low energy variants were shown to display a substantially 

finer grain size. It is well acknowledged that tensile performance is directly related to grain size in 

accordance to Hall-Petch theory [165]. 

  

The microstructural examinations previously interpreted as shown in Figures 6.16 and 6.20 for 

medium and high energy builds appear to display little to no material consolidation issues, providing 

context as to the crossover in FMax values, 1365.28N & 1437.65, in comparison to 1326.11N – 

1849.11N. The higher FMax values in respect to their lower energy counterparts can be exemplified by 

parameter set 2, build 3, the major outlier from a performance standpoint (1849.11N). When comparing 

the SPT performances of these samples to their back to back SPC variants they appear to generally 

corroborate, with parameter set 2, build 3 again displaying the most significant lifetime with a time to 

rupture of 1105.5 hours. These correlations indicate that these FMax values are driven by the material’s 

resistance to high temperature deformation mechanisms. Furthermore, it is worth noting that the damage 

tolerance and force drop off behaviour observed post rupture appears to behave in a relatively similar 

manner, which is most likely consequent to their coarsened grain structures as highlighted in Table 6.3. 

As previously discussed, grain size would bear significant implications on damage tolerance as 

coarsened grains would lead a to lower volume fraction of grain boundaries and inherently minimise 

obstacles for dislocation movement.  
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The mechanisms discussed can be further represented in the fractographic images shown in Figure 6.28 

– 6.30, where the test determination criteria of a 20% drop off in FMax takes precedent. Considering the 

high damage tolerance prevalent in low energy variants, considerably more displacement is required to 

lead to the adequate level of force drop-off for test completion. This is particularly illustrated in Figure 

6.28, where more established primary cracking was witnessed. When taking into account the rapid drop 

off in force observed post rupture in the medium energy variants, very little displacement was 

accumulated and therefore the existence of primary cracking was miniscule in comparison as shown in 

Figure 6.29. It is worth noting however that despite this, the failure continues to behave in a brittle 

fashion given the temperature conditions nearing the materials’ limitations. Finally, the fractography of 

the high energy samples displayed in Figure 6.30 once again show more significant cracking consequent 

to the high displacements attributed to the material’s damage tolerance capabilities. 

 

 

Figure 6.27. SPT testing of IN718 LPBF parameter variants at 650oC, 0.5mm/min displacement rate. 
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Table 6.5. SPT test data from IN718 LPBF parameter variants tested at 650oC, 0.5mm/min. 

Sample FMax (N) d at FMax 

(mm) 

dL at FMax 

(mm) 

FBreak (N) 

d @ 

break 

(mm) 

dL at 

break 

(mm) 

90o, Parameter Set 1, Build 1 1365.28 0.81 1.06 1092.60 1.01 1.23 

90o, Parameter Set 1, Build 2 1437.65 0.77 1.14 1146.39 0.86 1.20 

90o, Parameter Set 2, Build 1 1469.10 1.24 1.55 1175.14 1.42 1.70 

90o, Parameter Set 2, Build 2 1326.11 0.99 1.35 1061.17 1.29 1.62 

90o, Parameter Set 2, Build 3 1849.11 1.18 1.53 1479.24 1.38 1.72 

90o, Parameter Set 2, Build 4 1371.65 1.03 1.38 1096.89 1.10 1.43 

90o, Parameter Set 3, Build 1 1356.81 0.76 1.03 1082.00 1.02 1.25 

90o, Parameter Set 3, Build 2 1331.04 0.79 1.03 1065.00 1.43 1.59 

90o, Parameter Set 3, Build 3 1206.26 0.70 0.89 965.71 1.36 1.47 

90o, Parameter Set 3, Build 4 1350.85 0.71 0.97 1080.96 0.80 1.03 

       

 

Figure 6.28. Fractographic images from SPT tests on 90°, Parameter Set 3 variants SPT a) e) Build 1, 

b) f) Build 2, c) g) Build 3, d) h) Build 4. 
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Figure 6.29. Fractographic images from SPT tests on 90°, Parameter Set 1 variants a) c) Build 1, b) d) 

Build 2. 

 

 

Figure 6.30. 90°. Fractographic images from SPT tests on Parameter Set 2 variants a) e) Build 1, b) f) 

Build 2, c) g) Build 3, d) h) Build 4. 
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6.5 The Small Punch Tensile Performance of 30o and ‘Baseline’ Variants 

 

The influence of build orientation was also interpreted as shown in Figure 6.31 and Table 6.6, 

where 30o orientations displayed similar performances to that of their 90o energy counterparts, 

irrespective of the significant changes in grain structure presented previously.  When considering FMax, 

30o orientations displayed a range in performance of 1293.76 – 1367.27N, nearing that of the 90o low 

and medium energy ranges explored beforehand. Despite fine equiaxed grains being favourable for 

tensile performance, these performances are most likely driven by the material density features 

commonly observed and shown in Figure 6.32, where lack of fusion welds and voidage is evident. As 

discussed, the presence of such features are likely to open and act as initiation sites for failure under 

tensile loading, thus inhibiting the force in which the material can withstand. This once again does not 

appear to influence the damage tolerance behaviour of the material however, where a reasonable display 

of damage tolerance is observed post rupture, 0.84 - 1.45mm displacement at test completion in 

comparison to 0.54 – 0.73mm displacement at FMax. This indicates once again that fine grain size dictate 

this behaviour, where the amplified volume of grain boundaries can act as obstacles and impede 

dislocation movement. 

 

As discussed previously, Rolls-Royce plc.’s undisclosed ‘baseline’ parameter sets were 

employed as part of the DOE, where creep performance alongside microstructural examination was 

utilised in order to approximate energy input.  SPT testing was performed on these variants, with the 

one IN718 ‘baseline’ build successfully tested displaying an FMax value of 1391.03N, with a substantial 

displacement at FMax value being observed (1.42mm). Given the relatively successful nature of material 

consolidation where no noticeable defects were apparent, alongside the favourable high temperature 

performance displayed in the creep variant, it is not surprising that this variant displays excellent high 

temperature ductility. Once rupture ensues however, it’s damage tolerance capability is limited as 

shown by displacement values at test completion (1.57mm) which is likely to be consequent to its 

coarsened grain size, where the innate implications on grain boundary volume fraction leads to the 

lower existence of dislocation motion obstruction. The CM247LC ‘baseline builds’ appear to display a 

similar range in FMax values (1285.12 – 1432.73N), which is contradictory to the grain sizing apparent 

but is expected given the continued existence of lack of fusion welds as shown in Figure 6.33.  It’s 

damage tolerance capabilities however appear to be lessened which is contrary to the mechanisms 

previously discussed. However, it is worth noting the test failure criterion employed (0.8 FMax) and its 

implications on SPT results as highlighted in [176], could impact the perception of damage tolerance. 

Furthermore, there is also the element of elastic heterogeneity as previously discussed.  

 

Fractographic analysis was conducted on these variants in order to further the understanding of 

these failures, where 30o build orientations displayed significantly more brittle ruptures with multiple 
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primary cracks emanating outwards as shown in Figure 6.34. The separation of the failure from the bulk 

material is also evident given the heightened displacements consequent to the relatively significant 

damage tolerances displayed. This separation behaviour is also exhibited in the IN718 ‘baseline’ variant 

shown in Figure 6.35a, but as discussed, this variant’s apparent high temperature ductility is not subject 

to radial cracking but rather unidirectional failure. Finally, the fractographic images of the CM247LC 

‘baseline’ variants presented in Figure 6.35b-d showcase very little separation from the bulk material 

given the lower damage tolerance behaviour displayed, which consequently interrupts further 

displacement. However, the fractures appear to exhibit the mid-region between the 30o and IN718 

variant with regards to ductility.  

 

 

Figure 6.31. SPT results for IN718 LPBF 30o and ‘Baseline’ variants at 650oC, 0.5mm/min 

displacement rate 
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Table 6.6. SPT data for IN718 LPBF 30o and ‘Baseline’ variants tested at 650oC, 0.5mm/min. 

Sample FMax (N) 

d at FMax 

(mm) 

dL at FMax 

(mm) FBreak (N) 

d at 

break 

(mm) 

dL at 

break 

(mm) 

30o, Parameter Set 1, Build 3 1367.27 0.73 0.97 1094.17 0.84 1.06 

30o, Parameter Set 3, Build 1 1347.72 0.57 0.90 1078.34 1.33 1.48 

30o, Parameter Set 3, Build 2 1350.24 0.57 0.87 1080.52 1.45 1.45 

30o, Parameter Set 3, Build 3 1293.76 0.54 0.84 1035.65 1.42 1.47 

90o, IN718 Baseline, Build 1 1391.03 1.42 1.77 1112.79 1.57 1.88 

90o, CM247LC Baseline, Build 1 1285.12 0.76 1.09 1028.05 0.86 1.18 

90o, CM247LC Baseline, Build 2 1432.73 0.81 1.11 1141.96 0.84 1.13 

90o, CM247LC Baseline, Build 3 1421.60 0.78 1.03 1131.09 0.84 1.06 

 

 

Figure 6.32. Microstructural observations of poor density in LPBF IN718 variants, 30o a) Parameter 

Set 3, Build 1 and b) Parameter Set 1, Build 3. 
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Figure 6.33. Lack of fusion voids witnessed in LPBF IN718 ‘CM247LC Baseline’, Build 2 variant. 

 

 

Figure 6.34. Fractographic images from SPT tests on 30o, Parameter Set 1, a) e) Build 3 and 30o, 

Parameter Set 3 b) f) Build 1, c) g) Build 2, d) h) Build 3. 

 

 

Figure 6.35. Fractographic images from SPT tests on IN718 LPBF ‘Baseline’ a) e) Build 1 and 

CM247LC LPBF ‘Baseline’ b) f) Build 1, c) g) Build 2 and d) h) Build 3.  
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6.6 Summary 

 

Overall, both SPC and SPT experiments were performed on an array of LPBF IN718 variants, 

which incorporated changes in build orientation and parameter set. Build orientation was shown to be 

a primary driver in SPC performance given the implications of epitaxial grain growth apparent in ALM 

processes on grain sizing, morphology and grain boundary volume fraction. As such, parameter sets 

were shown to have little influence on creep performance within the 30° orientations given the 

overriding mechanisms inherent, but appeared to exhibit a significant influence on microstructural 

development and the discrepancy in SPC performances within the 90° orientations. Higher energy 

densities appeared to reduce the presence of significant density related features, coarsen grain sizing 

and aid textural development. Despite the finer grain sizing evident in low energy variants which would 

be expected to be favourable for impeding dislocation movement under tensile loading, the SPT 

performances and particularly the FMax values displayed by the low energy variants were inhibited by 

the presence of density related features such as lack of fusion welds.  The damage tolerance capabilities 

post rupture however did not appear to be significantly impacted.  

 

Given the degraded mechanical properties observed consequent to the existence of lack of 

fusion related features, a furthered understanding as to the influence of parameter selection on the 

propensity for defect formation is required. The following chapter will employ the same robust 

statistical analysis implemented in Chapter 5 on a series of LPBF IN718 variants of differing normalised 

beam speeds, powers and energy densities in order to assess the impact on melt track sizing and defect 

formation. 
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Chapter 7 – A Quantitative Approach to Melt Track and Defect Analysis in 

IN718 
 

7.1 Melt Track Assessment of IN718 Parameter Variants 

 

A series of manual melt track measurements, (50-70 measurements for both height and width 

per sample) were taken across 24 IN718 LPBF variants with changes in normalised beam speed, power 

and energy density being considered. When considering the influence of individual process parameters, 

Figure 7.1 highlights the influence of normalised beam speed over a range of power settings, where it 

becomes evident that an increase in normalised beam speed leads to finer track sizing for both height 

and width. This is to be expected given the intrinsic relationship between beam speed and energy 

density, where faster laser movement would lead to an inherently lower uptake in energy and thus melt 

volume. When considering normalised beam power, it is apparent that an inverse relationship 

comparative to beam speed is displayed as shown in Figure 7.2, where an increase in beam power leads 

to a coarsened melt pool consequent to the increased energy uptake associated with this. These 

relationships can be innately displayed in Figure 7.3, where a clear existential relationship between 

normalised energy density and melt pool size for both height and width respectively is showcased, 

validating the use of energy density as a metric. However, there does seemingly appear to be the 

existence of data scatter and variance, which can be attributed to both the subjectivity of the melt track 

measurement system employed and the notion that energy density may not entirely encapsulate and 

represent melt pool physics. Despite this, the relationships discussed can be represented in Figure 7.4, 

giving credence to this methodology, where a gradual refinement of melt track size is observed with 

increasing beam speed (a, c & e) and coarsening behaviour witnessed for increasing beam power (b, d 

& f).   
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Figure 7.1. Influence of normalised beam speed on melt track height and width over a range of 

employed power settings for LPBF IN718. 

 

 

Figure 7.2. Influence of normalised beam power on melt track height and width over a range of 

employed speed settings for LPBF IN718. 
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Figure 7.3.  Influence of normalised energy density on melt track height and width across all LPBF 

variants within this IN718 DOE. 

 

 

Figure 7.4. Microscopy of melt track profiles for a) c) e) increasing normalised beam speed and b) d) 

f) increasing normalised beam power.  
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7.2 Defect Analysis of IN718 Parameter Variants in the As-Built Condition 

 

Defect analysis was conducted on all 24 LPBF variants in order to further the understanding of 

defect formation within IN718 consequent to varying process parameter selection. Considering that 

little to no solidification cracking was apparent in this alloy for reasons explored in Chapter 6, the only 

alternative density related issues other than porosity were associated to a lack of consolidation, i.e. the 

presence of lack of fusion welds or voidage. As such, these features are referred to as ‘other defects’. 

The influence of normalised beam speed on the presence of both porosity and other defects over a range 

of power settings is presented in Figure 7.5, where there is a clear correlation with increasing any input 

in relation to the presence of these features. This is likely to be a consequence to the existential 

relationship between beam speed and energy density as previously discussed, where increasing beam 

velocity will inherently reduce energy absorbance and refine melt track sizing, leading to lessened 

material consolidation and re-melt. This is supported in the stitched optical imagery showcased in 

Figure 7.6, where the presence of porosity and other defects seemingly worsens with increasing beam 

speed under consistent power settings.  

  

The mechanism discussed is further supported in Figure 7.7, where increasing normalised beam 

power leads to a reduction in the occurrence of porosity and other defects over a range of power settings. 

This once again coincides with the inverse behaviour noted between beam speed and beam power as 

previously eluded too, giving further credibility to the use of energy density as a metric. As explored, 

it is hypothesised that greater energy input and the larger associated melt tracks gives rise to greater 

material consolidation as a consequence to more adequate melting, thus decreasing the presence of 

density related phenomena. This relationship is supported through the use of stitched optical microscopy 

images as shown in Figure 7.8, where an increase in beam power gives a gradual rise to material density 

and minimises the presence of porosity and other defects. Seeing as the influence of individual 

parameter selection is intimately tied to its implications on energy density, a comparison was drawn 

across all 24 IN718 LPBF variants between normalised energy density and the prevalence of these 

features. This is represented in Figure 7.9, where despite there being one significantly outlying data 

point as will be discussed later, there is a significant correlation between increasing normalised energy 

density and relative component density, most likely being subsequent to the consolidation mechanisms 

discussed. It is important to note that naturally this relationship is non-linear, where the observed impact 

of increasing energy is substantially more discernible at lower energy inputs and gradually plateaus in 

effect as energy is increased towards the higher end. These relationships can be visually represented 

and observed once again with stitched optical microscopy as shown in Figure 7.10, where a gradual 

increase in energy density leads to greater material consolidation and the reduction in defects. 
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Figure 7.5. Influence of normalised beam speed on the % area of porosity and other defects over a 

range of power settings within this LPBF IN718 DOE.  

 

 

Figure 7.6. Stitched high magnification optical microscopy of LPBF IN718 samples of increasing 

normalised beam speed (left to right) with the same power input. 
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Figure 7.7. Influence of normalised beam power on the % area of porosity and other defects over a 

range of speed settings within this LPBF IN718 DOE.  

 

 

Figure 7.8. Stitched high magnification optical microscopy of IN718 samples of increasing 

normalised beam power (left to right) with the same speed input. 
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Figure 7.9. Influence of normalised energy density on the % area of porosity and other defects present 

within LPBF IN718 variants analysed in this DOE.  

 

 

Figure 7.10. Stitched high magnification optical microscopy of LPBF IN718 samples of increasing 

normalised energy density (left to right). 
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Although there was a considerably strong agreement between parameter selection and the % 

area of material discontinuities, it is important to utilise alternative metrics in order to fully capture the 

influence that process sets have. As explored previously in Section 5.2, the amplified presence of 

smaller pores comparative to infrequent large pores could in theory provide a similar value and as such, 

different criteria should be evaluated to drive a further understanding. As such, the use of feature count 

and average feature size will once again be employed.  

 

The relationship between normalised beam speed and the count of features such as porosity and 

other defects over a range of power settings can be perceived in Figure 7.11, where generally as beam 

speed increases, the incidence of porosity and other defects also increases in parallel. Considering that 

feature count is likely to innately contribute to % area, it is unsurprising that where once again the 

implications of beam speed on energy density and melt dynamics is palpable. There does appear to be 

one outlier in the form of power 1, other defects, but this seemingly coincides with the average size of 

these features as will be mentioned later. Nevertheless, a strong agreement which coincides with % area 

is observed. In addition, the influence of normalised beam power on the frequency of porosity and other 

defects over a range of speed settings is represented in Figure 7.12. It can be seen that as normalised 

beam power increases, there is a marked decrease in the frequency of porosity and other defects, further 

establishing its relationship to energy density, where higher beam power inherently leads to greater 

energy density and thus superior material consolidation dynamics. Once more, there is the presence of 

outliers which intrinsically impacts the trend observed for ~ 0.50 speed, other defects, but it is important 

to note that the data point which influences this is once again the same previously observed. As such, 

this data point will be subject to further scrutiny as will be explored later. When bearing in mind that 

the influence of individual process parameters is hypothesised to be ultimately dictated and driven by 

energy density, Figure 7.13 provides more merit. It can be seen that there once again is a clear existential 

relationship between normalised energy density and the presence of porosity and other defects, now 

understood not only to be in the form of % area but fundamentally feature count.  

 

Furthermore, the influence of process parameters on the average sizes of both porosity and 

other defects present was evaluated, with Figure 7.14 showcasing the influence of normalised beam 

speed. There appears for the most part to be an apparent relationship between the average size of lack 

of fusion related defects and speed input, with higher speeds leading to the presence of larger features. 

This is likely to occur due to the increasing energy input’s ability to overcome the minimum energy 

density threshold to achieve material consolidation. This relationship is not concurrent with what was 

noted to be seen in porosity, where increasing beam speed over a range of power settings appeared to 

have a negligible effect. It is highlighted in Section 2.3.5 that porosity is predominantly caused by gas 

entrapment which is consequential to the presence of hollow powder particles and parameter selection. 

However, the likelihood that parameter selection would lead to a substantial change in gas entrapment 
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which would adversely influence porosity size is unlikely and thus minute variations in porosity size 

are detected. It is worth noting that there appears to be the presence of data outliers in the form of power 

1, other defects, which coincides with what was observed in the feature count relationships previously 

discussed. In this instance, there appears to be a notable rise in the average size of lack of fusion features 

which coincides with the marked reduction in feature count. This appears to be uncharacteristic with 

regards to its parameter set and paired variant which will be interpreted. Considering that the influence 

of beam speed is inherently tied to its implications on energy density, the influence of normalised beam 

power over a range of speed settings was also evaluated as shown in Figure 7.15. It can be seen once 

more that increasing normalised beam power seemingly reduces the average size of lack of fusion 

related defects but its influence on porosity was shown to have no major significance. These notions 

can be further represented in Figure 7.16, where the influence of normalised energy density on the 

average size of porosity and other defects was depicted. There results correspond with the relationships 

discussed, where higher energy inputs seemingly lead to a marked decrease in the presence of lack of 

fusion related defects, but porosity remains marginally unaffected.  

 

Overall, increased energy density appears to significantly reduce the % area of porosity and 

other defects through the diminishing of the frequency in which these features occur. This is consequent 

to higher energies aiding material consolidation and possibly increasing the presence of remelting 

processes. From a size perspective, only lack of fusion related features appear to be influenced by 

energy input.  

 

Figure 7.11. Influence of normalised beam speed on the count of porosity and other defects over a 

range of power settings employed within this LPBF IN718 DOE. 
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Figure 7.12. Influence of normalised beam power on the count of porosity and other defects over a 

range of speed settings employed within this LPBF IN718 DOE. 

 

Figure 7.13. Influence of normalised energy density on the count of porosity and other defects present 

within LPBF IN718 variants analysed in this DOE.  
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Figure 7.14. Influence of normalised beam speed on the average size of porosity and other defects 

over a range of power settings employed within this LPBF IN718 DOE. 

 

Figure 7.15. Influence of normalised beam power on the average size of porosity and other defects 

over a range of speed settings employed within this LPBF IN718 DOE. 
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Figure 7.16. Influence of normalised energy density on the average size of porosity and other defects 

present within LPBF IN718 variants analysed in this DOE. 

 

7.3 Process Variance in Paired Parameters 

 

Although the LPBF IN718 builds within this DOE showcased a relatively strong consistency 

with regards to the relationship between parameter deposition and defect formation, there was the 

existence of significant variation observed within specific parameter pairings. These changes in 

behaviour predominantly manifested themselves in the form of lack of fusion related defects and were 

picked up as discussed previously, significantly reducing feature count and increasing average feature 

sizes, both of which deviated from the general trend of behaviour. The most noteworthy example of this 

can be highlighted in the stitched optical micrographs showcased below in Figure 7.17, where it I 

evident that sample 19 showcases the prevalence of lack of voidage consequent to poor material 

consolidation comparative to sample 20, despite the same energy input. This becomes of particular 

interest when considering that the parameter set deployed consisted of a relatively high energy density 

comparative to other variants within this DOE and therefore completely contrasts the trends and 

consolidation mechanisms discussed.  Nevertheless, when considering these micrographs, it is evident 

that the prevalence of these features are a real phenomenon and not limitations of the analytical 

methodology and therefore further analysis is required in order to gauge an understanding as to why 

these features occur. 
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Figure 7.17. Stitched high magnification optical microscopy of paired parameter sets a) 19 and b) 20. 

 

When bearing in mind that the presence of lack of fusion related defects are magnified in 

specific variants despite the same parameter sets being employed as shown in Table 7.1, alternate 

considerations need to be taken into account. When interpreting melt track sizing, samples 19 and 20 

displayed a relatively similar track height but a reasonable change in track width, although nothing that 

appears to be significant. When considering these track sizes from a statistical standpoint however, 

irrespective of average track size, there appears to be a substantial discrepancy in track variance once 

again, particularly with regards to width and this is particularly evident in sample 19, coinciding with 

the lack of consolidation observed. All 24 melt track variances for both height and width with respect 

to their location on the build plate were represented in the form of a contour plot as shown in Figure 

7.18, where there appears to be little to no correlation between track height variance with respect to 

geometric location. There does however once again appear to be a slight relationship observed for track 

width variance similar to what was observed in Section 5.4, where it was hypothesised previously that 

this occurred consequent to this location’s proximity to the argon gas flow and the wiper starting point, 

potentially leading to gas trappage that could impact the consistency of the process. Whilst that may 

hold true for cracking related phenomena which is directly subsequent to non-uniformity in cooling 

rates and the generation of tensile loading through differing expansion coefficients, this is unlikely to 

be the case for lack of fusion related irregularities and as such differing criterion must be evaluated. 

When displaying the average size of lack of fusion related defects with regards to build plate location 

as shown in Figure 7.19, there is seemingly an external influence which appears to coincide with 

geometric location. It is apparent that larger average sizes for lack of fusion features are present when 

in closer proximity to the wipers initiation point, of which appears to plateau off the further the wiper 

travels. This effect also appears to be exacerbated towards the back of the build plate where argon gas 

flow is introduced to the system.  
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When taking into account the underlying mechanisms which underpin lack of material 

consolidation, although energy deposition is a primary factor, there also needs to be a consideration for 

powder rheology which could act as an explanatory factor. Although powder was not a significant area 

of research within this study, it is well acknowledged in literature [177] [178] that not all powder has 

uniform flowability and that finer particle sizes with a rounder morphology will flow and spread with 

greater ease. When bearing this in mind and considering that the presence of larger average lack of 

fusion features lowers with respect to an increased distance from the wiper’s initiation point, it is 

reasonable to suggest that particles with poorer flowability will be more prominent in closer proximity 

to the wiper. As such, these powder particles could be more suspect to a range of features which are 

unfavourable to powder packing density such as high aspect ratio particles, the presence of surface 

satellites or a non-uniform powder size distribution of larger particles, which could innately support 

void regions that would not be filled during consolidation processes. 

 

Table 7.1.  Average melt track sizing and feature % area data from paired parameters that displayed 

substantial change in behaviour.  

Sample 

Parameter 

Selection 
Melt Tracks (μm) Features (% Area) 

v h* q 
Avg 

Height 
σ2 Avg Width σ2 Porosity Other Defects 

19 1.00 2 4 40.31 117.72 132.28 449.32 0.196 0.440 

20 1.00 2 4 44.27 109.63 115.68 198.30 0.027 0.007 
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Figure 7.18. Melt track variance mapping in relation to build position for a) melt track height and b) 

melt track width for LPBF IN718 builds. 

 

 

Figure 7.19. Melt track variance mapping in relation to build position for a) melt track height and b) 

melt track width for LPBF IN718 builds. 
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7.4 Summary 

 

 In summary, a collection of melt track measurements for both height and width was taken in 

accordance with optical microscopy on a range of LPBF IN718 variants comprising of changes in 

normalised beam speed, power and energy density. There appeared to be a significant correlation 

between increasing normalised energy density or contributory parameters and track coarsening given 

the increased energy uptake subsequent. In addition to this, a robust statistical approach for defect 

analysis was considered, where numerical criterion such as percentage area, feature count and average 

feature size was considered with respect to parameter selection. Lower energy densities appeared to 

showcase the heightened prominence of lack of fusion related defects and porosity, which was 

seemingly mitigated with increasing energy input within this DOE as consolidation mechanisms were 

supported.  

 

Overall, a series of LPBF variants with differing process conditions for the contrasting nickel-

based superalloys CM247LC and IN718 were subject to miniaturised mechanical testing methodologies 

alongside a variety of microstructural evaluation techniques. This included optical microscopy, electron 

microscopy, EDS and EBSD. In addition to these methodologies, an in-depth, robust analytical 

methodology was employed to access the influence of process parameters on both melt track sizing and 

the presence of a variety of defects, helping drive a further understanding as to the underlying 

mechanisms which underpin their formation. The following section will discuss the results shown with 

respect to the entire scope of the study, drawing comparisons and evaluating the similarity and 

contrasting behaviours observed between both CM247LC and IN718. 
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Chapter 8 – General Discussion 
 

From the work carried out within this study, there appears to be the existence of both some 

significant similarities and differences observed between LPBF CM247LC and IN718’s behaviour, 

irrespective of their alloying chemistry and the contrasting volume fraction of strengthening 

precipitates. The following section will look to compare and contrast these behaviours with regards to 

the entire scope of the study, taking into account the mechanical testing performed, the microstructural 

analysis of mechanisms that underpin their behaviour and a robust quantitative analysis, which 

evaluated both melt track formation and the propensity for defect formation consequent to parameter 

deposition.  

 

8.1 Build Orientation 

 

A series of LPBF variants for both CM247LC and IN718 were fabricated with changes in build 

orientation and parameter deposition. It was evident that both alloys were subject to highly anisotropic 

behaviour throughout this study given the directional heat flow and epitaxial grain growth mechanisms 

apparent in additive processes. The sectioning methodology conducted in collaboration with SPC 

testing highlighted significantly contrasting grain sizes and morphologies as shown in Figures 4.2 & 

6.2, consequent to the two distinct build orientations, 30o and 90o. The grain structures observed in 30o 

orientations consistently comprised of fine-grain equiaxed microstructures, contrasting that of 90o 

orientations which exhibited coarsened columnar grain structures, both of which were verified through 

general microstructural observations alongside EBSD grain size calculations, as shown in Tables 4.2 & 

6.2, which occurred independent of alloying chemistry. The grain structures seen displayed significant 

implications on the creep performance of both alloys, where the heightened volume fraction of grain 

boundaries apparent in the 30o orientations rapidly accelerated minimum displacement rates and lower 

time to ruptures as depicted in Tables 4.1 & 6.1, consequent to creep deformation being grain boundary 

initiated and dominated.  

 

Microstructural observations revealed the existence of triple-point or wedge cracking in 

CM247LC’s 30o orientations as illustrated in Figure 4.4, which was hypothesised to be consequent to 

heightened stresses at these triple-point regions and given their inherently large nature, more likely led 

to the onset of catastrophic failure. This appeared to manifest itself in the form of consistently short 

rupture lives within 30o orientations, irrespective of parameter deposition within this DOE. There was 

no notable existence of triple point cracking in the IN718 30o variants as showcased in Figure 6.3, which 

could suggest a greater tolerance to strain accumulation along grain boundaries but it was unclear as to 

whether this was the case as it could be consequent to the different testing conditions employed, despite 

the loading conditions on LPBF IN718 being significantly higher at 500N comparative to 150N for 
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CM247LC. Nevertheless, consistently poor performances of a similar range were once again observed, 

further supporting the notion that grain sizing and morphology generally dictates creep performance 

within these variants.  

 

The observations discussed can be visually represented in the Monkman-Grant relationship 

shown in Figure 8.1, which comprises of merged data from Chapters 4 & 6 for all LPBF CM247LC and 

IN718 variants subjected to SPC testing within both respective DOEs. It is evident that 30o orientations 

are susceptible to substantially faster displacement rates than their 90o counterparts and this 

phenomenon occurs regardless of alloy chemistry, which subsequently correlates and leads to a marked 

decrease in creep performance. Although it can be misleading to draw direct comparisons between the 

trendlines’ numerical notations given the individually distinct testing conditions utilised, there does 

appear to be a marked decrease in the minimum displacement rates observed within IN718s DOE which 

corresponds to their comparatively extended lifetimes.  

 

 

Figure 8.1. Monkman-Grant Relationship for LPBF IN718 (650°C, 500N) and CM247LC Builds 

(950°C, 150N) subjected to SPC testing. 
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8.2 Parameter Selection 

 

 Despite the existential similarity in behaviour between LPBF CM247LC and IN718 from an 

anisotropic standpoint, there appeared to be some noteworthy dissimilarities with regards to parameter 

selection and in particular energy deposition, regardless of the similar textural evolution and 

underpinning mechanisms being highlighted in EBSD analysis. A generic low, medium and high energy 

density was employed on both alloys, with CM247LC’s DOE also including variations in normalised 

hatch spacing. Although there are some limitations to drawing direct comparisons given the ambiguity 

surrounding the process parameter sets, alongside the differentiations in testing conditions employed, 

general microstructural observations consequent to energy deposition and their impact on high 

temperature mechanical performance can be drawn.  

 

It was shown within the CM247LC’s variants that a general increase in energy density appeared 

to subsequently degrade creep performance, as shown in Table 4.1, through the development of defects, 

in particular intergranular cracking. Low energy variants appeared to be relatively dense with little 

presence of defects and no clear signs of grain boundary decohesion as depicted in Figure 4.16d, which 

was likely to be consequent to the material’s consolidation threshold being reasonably surpassed. This 

variant showcased a heightened creep performance with respect to the medium and high energy variants, 

despite the existence of finer grain sizing and lack of textural development evident in Table 4.4, Figures 

4.20a-c and 4.21a & b. Medium energy density variants showcased the initial signs of grain boundary 

cavitation as illustrated in Figure 4.16c, consequent to the higher non-uniformity in cooling rates likely 

to be apparent in larger melt pools, which would initiate tensile loading and strain accumulation along 

grain boundaries. This can be observed in Figure 4.12b & e. These variants displayed a marked decrease 

in creep performance and as such it would appear that these cavitations drove the mechanical 

performance of this material variant, irrespective of the initiation of textural development and coarsened 

grain sizes that were also apparent. High energy variants showcased the frequent presence of 

intergranular cracking, likely to be consequent to cavitation coalescence as a result of heightened strain 

accumulation along grain boundaries as shown in Figures 4.16b & 4.17, subsequent to the additional 

disparity in contraction rates. This led to a further decrease in creep lifetime regardless of the furthered 

textural development represented in Figure 4.20d-f and Figures 4.21c & d alongside coarsened grain 

sizing showcased in Table 4.4, once again indicating that the performance of this variant was dictated 

and dominated by the presence of defect features. 

 

The trends discussed appeared to be in contrast to the IN718 variants, where an increase in 

energy density generally improved creep performance, as shown in Figure 6.1, subsequent to the 

reduction of defects in combination with textural development and coarsened grain sizing. Low energy 

variants appeared to be highly susceptible to density related issues, particularly in the form of the lack 
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of fusion welds and unfused powder particles revealed in Figures 6.11 & 6.12, suggesting that the 

energy deposition was not sufficient enough to entirely surpass the materials’ consolidation threshold. 

The prominence of these features in combination with the finer grain sizing and lack of textural 

development showcased in Table 6.3 and Figures 6.9 & 6.10 led to a substantial reduction in 

performance comparative to its medium and high energy counterparts as highlighted in Table 6.1. 

Medium energy variants showcased the minimal presence of defects which inherently led to the 

materials’ performance being microstructurally driven. Coarsened grain sizing, as highlighted in Table 

6.3, alongside the development of material texture through the form of an increased presence in LAGBs, 

as shown in Figure 6.15, facilitated greater resistance to creep deformation as a result of larger regions 

of material behaving as an ESU. High energy densities once again showcased a minute presence in 

defects consequent to considerable material consolidation, allowing the variants’ properties to be driven 

by microstructural phenomenon. The grain sizing calculations showcased in Table 6.3 revealed a 

considerably coarsened grain structure comparative to the low and medium energy counterparts 

previously examined, minimising the presence of grain boundaries subject to creep deformation. In 

addition to this, EBSD analysis showcased further textural development with an enlarged presence of 

LAGBs, as shown in Figure 6.19c, further aiding and amplifying the existence of an ESU. It was noticed 

once again that strain accumulation appeared to localise along grain boundaries in these variants as 

illustrated in Figure 6.19b, given the greater degree of non-uniformity and discrepancy in contraction 

rates, which is inherent in larger melt pools. However, this strain accumulation did not appear to 

heighten the presence of grain boundary decohesion or degrade mechanical properties, suggesting that 

the exceptional creep performances observed relative to the rest of the DOE were driven by a 

combination of textural development and coarsened grain sizing. 

 

When considering the relationships discussed, it becomes apparent that the underlying 

microstructural mechanisms consequent to energy deposition, particularly grain coarsening and textural 

development are relatively consistent across both alloys. Despite this, there is a considerable change 

with regards to how this manifests itself, particularly with regards to the development of defects which 

appear to be innately tied to the alloy’s individual chemistry. Given the highly strengthened nature of 

CM247LC and its prominent dislocation activity, heightened strain accumulation along grain 

boundaries appear to give rise to grain boundary decohesion subsequent the materials intrinsic ductility 

drop. IN718 on the other hand, appears to be highly tolerable to this strain accumulation along grain 

boundaries given its inherent ductility and weldability and as such, the manifestation of defects appears 

to be limited. This allows its subsequent creep performance to be driven by microstructural phenomenon 

such as texture and grain sizing rather than the presence of density related issues.  
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8.3 Melt Track Analysis 

 

Given the existential relationships between energy deposition, melt pool characteristics and the 

propensity for defect formation as discussed, a quantitative understanding of the influence of process 

parameters on melt pool geometries is needed. As such, a numerical approach for quantifying melt track 

profiles was employed, where 50 to 70 manual measurements for both track height and width were 

collected on an assortment of LPBF variants, with changes in normalised beam speed, beam power and 

energy density across both CM247LC and IN718.  

 

The influence of individual process parameter selection was firstly considered in the form of 

normalised beam speed, where increases in beam speed led to the refinement of track sizes for both 

height and width, irrespective of the alloy. This was to be expected given the well-established 

relationship between beam speed and energy density, where higher beam velocities would inherently 

reduce energy uptake, providing further credence to the use of energy density as a metric. These results 

were validated in Figures 5.3 & 7.4 and consistently showcased an inverse relationship with regards to 

an increase in normalised beam power, which generally resulted in track coarsening for both height and 

width, once more coinciding with energy density principles. Considering the concurrence of the 

experimental results shown and the use of energy density as a quantitative metric, the influence of 

normalised energy density was considered across all process variants for both alloys, where numerical 

data from Chapters 5 and 7 were amalgamated as shown in Figure 8.2. For the most part, there was a 

considerable agreement between normalised energy density and melt track profile, with higher energy 

inputs leading to a largening of track height and width, where track width appeared to display a greater 

sensitivity. There did seem to be some data variation, which was most prominent within the melt track 

heights observed in CM247LC, but this is to be expected given the subjective nature of the measurement 

system. Nevertheless, the largening of melt tracks consequent to increasing energy densities 

consistently seen in both CM247LC and IN718 corresponds with the physiothermal characteristics of 

the process, which inherently dictate the anisotropic microstructures and directional heat flow 

mechanisms previously examined.  
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Figure 8.2. Influence of normalised energy density on the average melt track height and width 

apparent in the LPBF CM247LC and IN718 DOE. 

8.4 Defect Analysis 

 

 Considering the dominant influence of defect population on the creep performances previously 

explored in Chapters 4 & 6, the need for the quantification of such features and each alloys’ overall 

propensity for defect formation is seemingly evident. As such, stitched optical imaging at 200x 

magnification was collected across 24 LPBF variants in each alloy, with changes in normalised beam 

speed, power and fundamentally energy density being considered. These images were thresholded 

appropriately in order to encapsulate the presence of defects within this material, with the raw data 

generated being numerically distinguished with considerations to the microscopy collected in order to 

represent specific types of additive features present. This presence of features was correlated against 

the changing parameters using a series of numerical measures, with data sets from Chapters 5 & 7 being 

compounded. 

 

 The first quantitative metric considered was the influence that parameter selection had on the 

area percentage of features, as represented in Figure 8.3. Within CM247LC, increases in normalised 

energy density significantly contributed to the propensity of microcracking apparent, coinciding with 

the results shown in Chapter 4 and the considerable amounts of literature explored in Section 2.3.3. 

These findings were given further credence to when considered in respect to the optical images 

presented in Figures 5.6, 5.8 & 5.10, substantiating the analytical methodology employed. Given the 



214 

 

coherency of these results with the work outlined previously, it was hypothesised that this is once more 

consequent to the same mechanism previously explored, where the larger volumes of melt pool 

subsequent to higher energy inputs are more suspect to amplified discrepancies in solidification and 

contraction rates. These discrepancies heighten strain accumulation along grain boundaries which 

manifest itself in the form of grain boundary decohesion, cavitation coalescence and consequently 

intergranular cracking.  

 

Within IN718, there appears to be no propensity for microcracking behaviour despite the same 

parameter sets being utilised, highlighting the contrasting behaviour observed between the two alloys 

with regards to energy conduction and tolerance. Furthermore, the lower end of energy densities 

employed within this DOE appear to give rise to the presence of lack of consolidation related defects 

in IN718, which were not present in CM247LC, once again highlighting the disparities in energy 

tolerance. As normalised energy density increased, the presence of these lack of consolidation related 

features appeared to be significantly reduced, suggesting that the energy densities employed within this 

DOE appeared to cross the material consolidation threshold range towards the higher end. These 

analytical findings were once again substantiated when considered in respect to the optical microscopy 

images represented in Figures 7.6, 7.8 & 7.10.  

 

 When considering the presence of porosity, the comparative relationships observed between 

CM247LC and IN718 once again showcased noteworthy dissimilarities. There appeared to be the 

presence of a non-linear relationship for porosity presiding within CM247LC, providing ambiguity with 

regards to the overall relationships apparent. This was not seemingly the case for IN718, where a clear 

existential relationship between normalised energy density and porosity was apparent, with higher 

energies leading to a marked reduction in the presence of porosity from an area percentage standpoint. 

This was presumed to be as of consequence to higher energy inputs aiding and accommodating 

consolidation mechanisms as previously explored. When taking into consideration the ambiguity in 

porosity measurements observed within CM247LC proportional to IN718, despite the same process 

variants being employed, it is important to note the divergence in alternative features such as 

microcracking and lack of fusion as explored. This gives the introspection that these alloys are subjected 

to different regions within their respective process window which may also intrinsically be of different 

sizes as shown in Section 2.3.3 and highlighted in Figure 2.18. When bearing this in mind, given the 

non-linear relationship between porosity accumulation and energy input as highlighted in literature [94] 

[171], the ambiguity in results may be consequent to the pickup of data oscillation and this is given 

further credence with the coefficient of determination value being substantially lower in CM247LC 

than in IN718. Nonetheless, alternative numerical metrics such as feature count and average feature size 

were used in order to further the understanding of defect formation. 
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Figure 8.3. The influence of normalised energy density on the area percentage of defects present in all 

variants within the LPBF IN718 and CM247LC DOEs.  

 

As mentioned, the use of alternative arithmetical criterion such as feature count and average 

feature size were used in an attempt to further encapsulate the population of defects within both 

CM247LC and IN718. The relationship between normalised energy density and the frequency of these 

features is presented in Figure 8.4, which comprises of collective data from Chapters 5 and 7. It becomes 

apparent that the general observations perceived with regards to area percentage for microcracking and 

lack of fusion related defects within CM247LC and IN718 continue to ensue for feature count. Higher 

energy densities seemingly led to the heightened frequencies of microcracking present in CM247LC 

and a reduction in the frequency of lack of fusion related defects in IN718, suggesting that there is an 

empirical relationship between area percentage and feature count that exists and acts as the primary 

underpinning mechanism. Furthermore, the average size of these features was also considered with 

collated data from Chapters 5 and 7 as represented in Figure 8.5, where the average size of these features 

appeared to considerably coincide with the trends observed with regards to the frequency of their 

occurrence. There was seemingly more scatter apparent with respect to the lack of fusion related defects, 

but this inversely corresponded with the scatter evident in feature count.  

 

Despite the use of alternative numerical metrics, the ambiguity surrounding CM247LC’s 

porosity analysis continued to transpire, where the relationships observed for both feature count and 
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average size appeared to once more concur with area percentage. When considering the contrasting 

behaviour with regards to microcracking or lack of fusion related defects, despite the same parameter 

settings being employed, it is apparent that this DOE is subjecting these two alloys to different regions 

of their retrospective process window, which will innately differ. Consequently, the indefinite 

relationship consistently observed across different quantitative criterion is likely consequent to the 

pickup of data oscillation as discussed, where localised regions within a sinusoidal relationship was 

subject to scrutiny as visually represented in Figure 8.6. This obscurity in porosity did not appear to be 

the case for IN718, where a strong agreement was established with regards to increasing normalised 

energy density and a decrease in the frequency in porosity observed, given that higher energies are more 

accommodating to material consolidation mechanisms as discussed. There appeared to be no significant 

influence on the average size of porosity which is to be expected given that the mechanism for porosity 

formation, gas entrapment, is unlikely to change consequent to energy deposition and as such the 

relative sizing of these features will be unaffected. 

 

 

Figure 8.4. Influence of normalised energy density on the presence of defects in all variants within the 

LPBF CM247LC and IN718 and DOEs.  
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Figure 8.5. Influence of normalised energy density on the average size of features present in all 

variants within the LPBF IN718 and CM247LC DOEs.  

 

Figure 8.6. Visual representation of the porosity ambiguity hypothesis in LPBF CM247LC 

comparative to IN718, highlighting the dissimilarities in material thresholds to specific defects (not 

drawn to scale).  
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Chapter 9 – Conclusions and Recommendations for Future Work 
 

 Within this study, multiple investigative techniques were employed on a series of laser powder 

bed fused (LPBF) variants for the two contrasting nickel-based superalloys CM247LC and IN718. 

These techniques included the use of a miniaturised mechanical testing methodology, in-depth 

microstructural characterisation through electron microscopy, and a robust statistical approach for 

quantifying melt track profiles and defect propensity utilising optical microscopy. This chapter will 

briefly summarise the main findings presented and highlight some of the themes of research and areas 

of interest which could complement and add to the results presented. 

 

9.1 Conclusions 

 

Build orientation was shown to be the most significant influencer of small punch creep (SPC) 

performance in both LPBF CM247LC and IN718, where 30° orientations appeared to perform 

consistently poorer than that of 90° orientations, irrespective of parameter deposition. This was 

consequent to the evident existence of highly anisotropic microstructures subsequent to the epitaxial 

grain growth mechanisms apparent in additive processes, which was revealed and quantified through 

electron microscopy. 30o builds consisted of a fine-grain, equiaxed microstructure comparative to the 

coarsened columnar grain morphology evident in 90o orientations. As a result of this, the 30° orientation 

variants were subject to a higher volume fraction of grain boundaries, inherently accommodating creep 

deformation which innately accelerated the minimum displacement rates and time to ruptures observed.  

 

 Parameter selection was revealed to substantially impact the SPC performance of both alloys 

in different manners, despite relatively similar textural evolution being observed. In CM247LC, an 

increase in energy density appeared to degrade resistance to high temperature deformation mechanisms, 

through the form of grain boundary decohesion and cavitation coalescence, which innately promoted 

intergranular cracking. Regardless of the textural development apparent, the performances displayed 

were intrinsically dominated by the existent density related features, specifically solidification cracking. 

These features were consequent to the heightened strain accumulation evident along grain boundaries, 

given the magnified mismatch in contraction rates inherent to larger melt pools.  These relationships 

were in contrast to IN718, where increasing energy density innately benefitted SPC performance by 

reducing the density related issues present in lower energy inputs, allowing SPC performance to be 

driven by the microstructural phenomenon existent. This included the grain coarsening subsequent to 

the extended cooling rates associated with increasing energy inputs, alongside textural development 

through the reduction of high angle grain boundaries (HAGBs), which aided the presence of an effective 

structural unit (ESU) and therefore benefitting SPC behaviour. 
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The influence of individual parameter selections such as normalised beam speed and beam 

power on melt track sizing appeared to be inversely related and reasonably concurrent with normalised 

energy density, providing further credence for its use as a metric for encapsulating melt pool profiles. 

As such, increases in normalised energy density were considered and appeared to showcase a strong 

correlation to the coarsening of track sizes with respect to track height and width, with width seemingly 

being more sensitive. This relationship appeared to consistently transpire in both CM247LC and IN718, 

irrespective of alloy chemistry.  

  

 Investigations into the propensity for defect formation in CM247LC and IN718 was conducted 

using several quantitative metrics including percentage area, feature count and average feature size, 

where there appeared to be a stark contrast in each alloys’ behaviour. In CM247LC, there appeared to 

be a strong agreement between increasing normalised energy density and the alloy’s predisposition to 

microcrack, where higher percentage areas were observed consequent to the heightened frequency and 

enlargement of these features. IN718 on the other hand did not appear to be suspect to microcracking 

but rather lack of fusion related defects, where lower energies led to the prominence of such features in 

a similar manner, with higher area percentages being witnessed consequent to the increased frequency 

and size of these features once again. Despite the same processing conditions being employed, the 

significant dissimilarities in defect formation highlights the disparity in each alloys’ respective process 

windows, where the highly strengthened CM247LC appears to be more susceptible to solidification 

cracking and IN718 suspect to lack of consolidation issues, coinciding with the work outlined in 

previous chapters.  

 

A contrast in the presence of porosity presiding within both alloys with respect to the same 

changes in normalised energy density was witnessed, where an ambiguous non-uniform trend was 

evident in CM247LC and a clear existential trend revealed in IN718. In CM247LC, the percentage area 

of porosity was seemingly amplified in the mid-range energy densities and this was further reiterated 

when considering both feature count and average feature size. IN718 on the other hand, displayed a 

significantly clear correlation with regards to a reduction in the percentage area of porosity, with respect 

to increasing normalised energy density. This appeared to coincide with a decline in the frequency of 

porosity present, but bared no significant influence on the sizing of porosity given there being no 

substantial change in mechanism. The overall relationship apparent in IN718 was hypothesised to be 

consequent to consolidation mechanisms being aided with increasing energy input. Given the innate 

discrepancies in each alloys’ corresponding process window, it was hypothesised that the porosity 

relationship displayed in CM247LC was consequent to data oscillation, where an extremely localised 

region of porosities overall influence was subject to inspection.  
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9.2 Recommendations for Future Work 

 

A vast amount of small punch (SP) testing, both creep and tensile, was completed on an array 

of LPBF variants for both a weldable and ‘unweldable’ nickel-based superalloy within this study. It 

may provide further insight if interrupted tests conducted at different stages of displacement were 

carried out, in order to supplement the understanding of deformation mechanics in these materials 

within these testing techniques. In addition to this, the utilisation of back-to-back traditional uniaxial 

testing methodologies could give greater confidence in the results, considering that SP testing was 

utilised within this work as an effective ranking methodology for rapid validation. The derivation of 

baseline tensile and creep properties for the cast and wrought forms of these alloys would also prove to 

be beneficial from a comparative standpoint. In order to further compliment the SP testing conducted, 

the defect analysis incorporated in Chapters 5 & 7 could be employed on SP specimens pre-testing, in 

order to quantify the density of the materials and correlate performance to the presence of specific types 

of defects.  

 

 The contrast in microstructural and mechanical behaviour between LPBF CM247LC and IN718 

has been well explored in this study with a particular emphasis drawn to the localisation of strain 

accumulation evident, consequent to residual stressing. As such, the use of residual stress measurements 

in the form of hole drilling, X-ray diffraction or neutron diffraction would prove useful in quantifiably 

assessing the magnitude of residual stressing apparent. Moreover, the manifestation of residual stressing 

in the form of grain boundary decohesion in CM247LC comparative to IN718 was particularly 

emphasised in this study consequent to changes in the abundance of strengthening precipitates. As such, 

the utilisation of transmission electron microscopy could characterise these changes, particularly with 

regards to dislocation networks and how they impact grain boundary sliding.  

 

The lack of processing information made available within this study significantly weakened the 

ability to correlate process parameters, microstructural features and mechanical properties, with the 

quality and controllability of the parameters selected alongside additional process information such as 

machine calibration, inter and intra-build porosity variation hindering the ability to interpret the results 

generated. An example of this can be seen with respect to the statistical explorations of melt pool 

dimensions discussed in Chapters 5 & 7, where poor correlations were observed between melt pool 

height and width. The variation of melt pool dimensions with respect to different volumetric energy 

density bands is well documented, with the relationship between beam power and melt pool depth being 

thought to be quadratic as an example. As such, the use of ambiguous normalised process parameter 

values provides a significant hindrance, as the discrepancies between 180-200W and 200-300W would 

be substantially influential on the results produced.  
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Although the statistical analysis employed on multi-pass welds within this work has provided 

some useful insight, it may have contributed to and exacerbated some of the variances observed. As 

such, it would prove valuable to adopt single track welds with the same assortment of process settings 

in order to compare, contrast and ascertain the statistical variation between these two procedures. As 

mentioned, the ambiguity of normalised process parameters provided clear limitations to the work 

carried out, particularly with regards to the statistical explorations discussed. It would be advantageous 

to have discernible values for hatch spacing in order to establish the link between melt track overlap 

and defect formation, with some literature suggesting higher levels of remelt leads to a reduction in 

defects at the expense of favourable process economics. On a similar note, it would also be beneficial 

to have palpable values for layer thickness, where the tolerance for melt pool penetration can be 

evaluated and correlated to defect formation. 

 

 Defect analysis was employed from a two dimensional perspective using micrographs in order 

to assess the frequency and existence of specific types of defects. It would prove useful to incorporate 

a three dimensional methodology such as X-ray diffraction and computed tomography, in order to 

further assess the presence of defects and how these develop from a multiaxial standpoint with respect 

to changes in parameter deposition. Furthermore, the use of the more well recognised Archimedes 

method for density measurements could have been conducted pre sectioning in order to provide 

additional analysis and validate the novel methodology employed. The utilisation of electro-etching in 

combination with particle analysis would also prove valuable in order to understand the influence that 

process settings on gamma prime size distributions, more specifically how the rapid freezing ranges 

associated with the process impose on the size and coherency of strengthening precipitates.  

 

Throughout the scope of this study, logistical constraints have led to some inconsistencies with 

regards to the abundance of process variants fabricated and examined in each chapter. The expansion 

of these work packages to provide additional variants would prove useful from a comparative 

standpoint. These expansions would include a plethora of as-built and post processed variants for both 

materials, examples of which include the incorporation of parameter sets 4 and 5 within the IN718 DOE 

analysis alongside heat treated and hot isostatically pressed (HIP) forms of these variants. In addition, 

the fabrication of HIPed rods for LPBF IN718 similar to what was provided in LPBF CM247LC as 

outlined in Section 3.4, could provide significant insight and allow comparative behaviours in the form 

of macrocracking and SPT performances to be analysed and interpreted. Additionally, the 

manufacturing of these builds at the same time on the same machines would have been preferable in 

order to minimise any process and build-to-build variation.  
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